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Abstract 
 
Grain boundaries play a very important role in determining the mechanical properties of 
polycrystalline ceramics. In particular, the addition of certain dopants or impurities can 
cause significant changes in fracture path and fracture toughness. While substantial 
progress has been made in the past few decades, there remains an active debate about 
the fundamental mechanism of how the grain boundary segregation influences the 
mechanical properties. Prior studies have revealed limitations of the conventional macro-
scale mechanical testing technique since dopants not only alter grain boundary structure 
they also influence the grain size, grain anisotropy and porosity that all contribute to the 
mechanical properties of polycrystalline bulk samples. Small-scale mechanical testing 
offers an opportunity to minimize the number of variables to obtain information about the 
mechanical properties of a single grain boundary, thus enabling direct correlations 
between grain boundary structures and mechanical properties.  
Three different micro-scale mechanical testing techniques—including Compression 
Splitting, Double Torsion and Micro-cantilever Deflection test methods—were examined 
and the Micro-cantilever Deflection test was selected for this project.  
At the beginning, tests were performed in single crystal magnesium aluminate spinel 
(MgAl2O4). Five distinct orientation cantilever specimens were prepared by Focused Ion 
Beam (FIB) technique and loaded by a dedicated in-situ nano-indentation system. 
Anisotropic finite element analysis was performed and the influence of the material’s 
anisotropy on the stress intensity factor was determined. Orientation dependent fracture 
behaviors of different specimens were observed and associated with a mixed-mode 
2 
 
loading condition and anisotropic mechanical properties of spinel single crystal. A 
maximum tensile stress fracture criterion for anisotropic materials was used to determine 
the fracture toughness values of fracture planes as the crack deflected at certain angles. 
Good agreement of fracture toughness values for {100} planes was obtained between 
the micron-scale measurements and macroscopic results available in the open literature. 
Lower bounds for the fracture toughness of {110} and {111} orientations were also 
obtained. 
After the technique had been validated, the Micro-cantilever Deflection test technique 
was then applied to test bi-crystal grain boundaries. The effect of ytterbium (Yb) on 
magnesium aluminate spinel (MgAl2O4) grain boundary structure and strength has been 
evaluated. Doped and updoped interfaces were characterized using atomic resolution 
High Angle Annular Dark Field (HAADF) imaging. Interface fracture toughness was 
determined using a micro-scale cantilever beam test. A 30% increase in fracture 
toughness was found to correlate with grain boundary Yb segregation. 
Finally, the Micro-cantilever Deflection beam deflection test was introduced to measure 
the fracture toughness and investigate fracture mechanisms of electrodeposited Ni-W 
coatings exposed to different heat treatment conditions. As deposited Ni-W films were 
found to be amorphous and to exhibit a ductile fracture behavior while after heat 
treatment nanocrystalline Ni-W exhibited a brittle fracture behavior. By introducing nano-
scale sharp pre-cracks, the nanocrystalline Ni-W fracture surface exhibited an 
intergranular morphology that has never been reported before to our knowledge. In 
addition, the fracture path of nanocrystalline Ni-W was along boundaries of grain 
boundary agglomerates that can be directly correlated with an agglomerate cooperative 
motion model proposed in previous reports.  
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Chapter 1.  Introduction to fracture mechanics 
testing for brittle materials 
1.1 Problem statement 
On 18th June 1983, NASA launched its space shuttle mission STS-7 with space shuttle 
Challenger. It’s a milestone in NASA history as this was the first time an American 
woman was sent into space. And it was also known as the first time when the threat of 
space debris to the spacecraft was revealed to the public. One of the astronauts—John 
Fabian—said in an interview that when they were in orbit, a paint chip smaller than a 
head of a needle hit the glass on the shuttle and penetrated the glass 1/4 of the way 
through. He imagined what would have happened if it would have been a rock. 
Endeavour suffered a similar impact in another mission in 1994, and this one pitted the 
window for about half its depth: a cause for much greater concern. Post-flight 
examinations have noted a marked increase in the number of minor debris impacts since 
1998 as a consequence of the increasing number of abandoned satellites. While the 
strength of the protective shield of spacecraft materials has been greatly enhanced in 
the past few decades, the windows on the space shuttles still suffer from relatively low 
fracture toughness (0.6 MPa√m-0.8 MPa√m) as they are usually made of silicate glass 
and fused silica glass. One of the solutions to increasing the resistance to impact is to 
increase the glass thickness, but it will increase the weight and reduce the transparency. 
To solve this problem, three major transparent ceramics known as aluminum oxynitride 
(AlON), magnesium aluminate spinel (spinel), and single crystal aluminum oxide 
(sapphire) are being considered as substitutes as they offer significant impact protection 
at reduced weights over the conventional glass systems currently in use. AlON is the 
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first commercial bulk transparent material available in the market. The comparison of the 
fracture resistance of bullet proof windows made of glass and AlON can be seen in Fig. 
1.1.  
Among these candidates, spinel showed some distinct optical property advantages 
over both sapphire and AlON in previous studies1. In contrast to cubic spinel, sapphire is 
anisotropic, and thus is birefringent, causing optical design problems for window 
applications. AlON has a shorter transmission cutoff in the 4.5–5.5 μm spectral regions, 
resulting in a significantly higher coefficient of absorption in the IR region. Based on 
these properties and the fact that spinel can be fabricated at a considerably lower 
temperature and reduced cost over either AlON or sapphire, spinel seems to be more 
promising for use in multimode windows and domes for a wide range of defense 
applications1.  
It’s worth mentioning that AlON is the first available commercial bulk transparent 
ceramic material in the world but its manufacturing process is patented by Surmet 
Cooperation so no one else in the world can produce this material. At this time, 
commercial bulk spinel is still not available from any manufacturers due to a big 
challenge in its sintering process, so major technical advances are needed. 
These optical applications also imply some requirements for the as-prepared 
spinel such as a residual porosity of less than about 0.1% and pore dimensions of less 
than 1/10 of the important wavelength2. Sintering additives such as LiF, Yb2O3, CaB4O7, 
B2O3 etc. are found to be essential for producing dense transparent spinel unless 
complicated and expensive processing steps like Hot Isostatic Pressing (HIPping) are 
used 3. These dopants affect coarsening and grain growth by segregating at the grain 
boundaries during processing. However, the dopants may be left behind in very small 
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quantities after processing is complete, thus altering the grain boundary structures. 
Grain boundaries can strongly affect the mechanical properties of polycrystalline 
materials. In order to alter the brittleness of the grain boundary in certain ceramics, 
dopants have intentionally been added into the grain boundaries. Dopant segregation 
and its effect on intergranular fracture has been studied for many years in systems other 
than spinel. Although a lot of progress has been made in the past, there are still a lot of 
discrepancies both in experimental reports or theoretical explanations of how dopants 
can affect grain boundary nanostructure and the mechanical behavior. 
As mentioned before, magnesium aluminate spinel (MgAl2O4) is a very good 
candidate in various applications because of the superior combination of great strength 
and good optical properties. It is important to investigate how the segregating dopants 
will affect the fracture toughness, and it is therefore one of the main focal points in this 
project. Supportive information will invariably be obtained for making scientific progress 
as well as developing practical applications. 
In order to draw direct correlations between grain boundary structures and 
mechanical properties of the material, micro-scale mechanical testing methods were 
developed in this project to measure the fracture toughness of a single grain boundary 
with different doping conditions. Although these methods were created specifically for 
testing spinel, they are applicable to a wider variety of brittle materials.  
Extending the micromechanical testing techniques to brittle metal alloys has been 
demonstrated by investigating fracture mechanisms of nanocrystalline materials as 
another focus of this project. Nanocrystalline metals often exhibit superior strength and 
hardness compared with metals of coarse grain size as predicted by Hall-Petch 
strengthening mechanism4-8 and they offer advantages in applications such as MEMS 
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devices, aerospace components and wear resistance coatings. However, there are a lot 
of debates concerning fracture mechanisms in nanocrystalline metals which shows the 
limitation of previous macro-scale mechanical tests for shedding light on such 
phenomena. It is therefore very helpful to apply the micro-scale mechanical testing 
method to investigate fracture mechanisms in nanocrystalline materials. In our study, 
nanocrystalline Ni-W will be studied as just such an example. 
 
Figure 1.1 Comparison of fracture resistance of bullet proof windows made of AlON 
(top) and silica glass (bottom). 
 
1.2 A brief history of fracture mechanics 
Before we start solving specific fracture mechanics problems, it will be very helpful for us 
to have a quick review of how the knowledge of materials fracture behaviors evolved in 
history. The strength of structural materials such as rocks attracted people’s attention as 
early as Stone Ages as it was very important to determine safe dimensions of buildings. 
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Empirical rules might be developed to avoid failures in complex construction projects as 
Egyptian pyramids and Greek temples but most of them were lost during the Middle 
Ages. As rocks often contain unexplainable cracks inside, stress singularities would 
magnify the stress and provoke the unpredictable failures. Without the knowledge of 
stress analysis, ancient people were certainly not capable to understand such 
phenomena. In the 15th century, Da Vinci discovered that longer iron wires would fail 
easier than shorter wires and he made some speculations as to the cause. In 1638, 
Galileo made the first attempt to draw scientific conclusions about the strength of beams 
and he introduced the idea of tensile stress which was referred to as “absolute 
resistance to fracture”. He studied the simple case of a cantilever beam. Although his 
analysis was incorrect as he didn’t realize that a cross section of the bending beam 
should have both tension and compression areas, he was right about the form of the 
equation that the bending stress is proportional to the product of its area times its depth 
for a beam with certain geometry dimensions. The correct solution was not given until 
Coulomb present a comprehensive analysis of the bending theory in 1776. And his 
criterion is still used now. 
Although the influence of a crack on the fracture strength was recognized in the 
19th century, the exact nature was not understood until Inglis9 solved the elastic problem 
of an elliptical hole in an uniform loaded plate and derived some important conclusions 
of the stress state around the crack tip. In 1922, Griffith was the first to draw quantitative 
correlations between strength and crack size10 by applying an energy criterion. He 
realized for the first time that the crack propagation can be regarded as an equilibrium 
process in which the increase in surface energy due to the increase of the surface area 
was balanced by the decrease of the strain energy. He developed an equation to 
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correlate the fracture stress and the surface energy of traction-free crack surfaces as 
below for a plane stress condition. 
σ2 = 2γE/πa                                                                                                                 (1.1) 
where σ is the fracture stress, γ is the surface energy, E is the young’s modulus, 
and  a is the crack length.  
In 1957, Irwin11 defined that the strain energy release rate (G) must be larger than 
the critical work to create new crack areas. In addition, he showed that the stress field at 
the crack tip can be completely determined by the stress intensity factor K. With his 
great contribution Linear Elastic Fracture Mechanics (LEFM) was developed as an 
independent discipline. The fracture toughness of a material is determined from the 
critical stress intensity factor (KC) when the crack starts to propagate in LEFM. Fracture 
toughness is a quantitative way to describe the ability of materials to resist fracture with 
the presence of a crack. In principle, any geometry can be used to measure the critical 
stress intensity factor as long as the geometric stress intensity factor is known as a 
function of crack length (1.2).  
𝐾𝑐 = 𝜎𝑐√𝜋𝑎𝑌 �𝑎𝑊�                                                                                                          (1.2) 
where Kc is the critical stress intensity factor,  σc is the critical stress, a is the crack 
length and Y(a/W) is a dimensionless shape function.  
Since brittle materials are often limited by their low fracture toughness, extensive 
studies have been performed to improve the fracture toughness of brittle materials. In 
order to determine fracture toughness of brittle materials, various fracture toughness 
techniques were developed in previous studies. 
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1.3 Overview of conventional fracture toughness testing 
methods for brittle materials 
As dislocation activity is either restrained in ceramics due to the ionic-covalent bonding 
nature or suppressed in nanocrystalline materials due to the small grain size, plastic 
deformation is difficult in these materials. So they often exhibit brittle fracture behaviors 
with small fracture toughness and low ductility. In this section, a number of 
representative fracture toughness testing methods for brittle materials will be quickly 
summarized.  
 
Figure 1.2 Fracture toughness specimens. (a) Single edge notch bending (SENB). (b) 
Compact tension (CT) or wedge open loaded (WOL). (c) Double cantilever beam (DCB) 
tensile loading. (d) DCB constant bending moment loading. (e) DCB wedge loading. (f) 
Tapered DCB. (g) Chevron notch short rod. (h) Chevron notch short bar. (i) Chevron 
notch bending. (j) Double torsion (DT). (k) Three-point bending with controlled surface 
flaw (CSF). P, load12. 
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1.3.1 Single edge notch bending (SENB) 
As shown in Fig.1.2(a), the SENB specimen has a rectangular cross section with a 
straight-through saw notch. While it offers the advantage of ease of the machining due to 
simple geometry and ease of use in simple three or four point bending loading, it suffers 
from the difficulty of starting a sharp crack at the end of the notch to achieve stable crack 
growth. 
 
1.3.2 Compact tension (CT) 
As shown in Fig.1.2(b), the CT specimen is loaded under tension. As the load line is 
offset from the crack front, the primary stress is due to bending. However, it is difficult to 
fabricate CT specimens and initiate sharp precracks for brittle materials. 
 
1.3.3 Double cantilever beam (DCB) 
The DCB specimen has four variants: tensile loading DCB (Fig. 1.2c), moment-loaded 
DCB (Fig. 1.2d), wedge-loaded DCB (Fig. 1.2e), and tapered DCB (Fig. 1.2f). Only the 
wedge loaded DCB specimen allows the test to be done in simple compression and the 
others require a difficult fixture which applies the moment to the arms of the DCB. Also, 
side grooves are useful to ensure the crack moving down the center of the specimen, 
but machining damage in the groove can affect the K-calibration. 
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1.3.4 Chevron notch methods (CHV) 
Chevron notch is usually used in three kinds of specimens including short rod CHV (Fig. 
1.2g), short rectangular CHV(Fig. 1.2h), and a bend bar with a rectangular cross-section 
and a chevron notch(Fig. 1.2i). As there is an increase in the width of the crack front 
during crack extension, the chevron notch geometry will force rising R-curve behavior in 
ideally brittle materials. So after the crack initiates, the front will always be stable and 
ideally sharp. The geometry factor Y will reach its minimum during the crack growth 
process which corresponds to the maximum load in the test12. Thus, fracture toughness 
can be calculated without information on crack length. It is the only ASTM standard 
(ASTM C1421-01b) to determine fracture toughness in ceramics. Fabricating the notch 
remains a challenge for most ceramics. 
 
1.3.5 Double torsion (DT) 
As shown in Fig.1.2j, the DT specimen is a flat plate with a longitudinal through-crack 
that is loaded in torsion. Details of this method will be explored in the next section. 
 
1.3.6 Indentation techniques 
There are three kinds of indentation-induced crack techniques for measuring fracture 
toughness in ceramics: the controlled surface flaw (CSF), the indentation strength in 
bending (ISB), and indentation microfracture (IM) techniques. However, only the CSF 
technique — a variant on the SENB specimen — can provide a quantitative 
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measurement of fracture toughness while the other two methods are both based on 
empirical expressions. 
 
1.3.7 Summary 
From the discussion above, it is notable that in macro-scale fracture toughness 
techniques, there are great challenges in sharp pre-notch fabrication as it is not easy to 
apply methods used in metals such as fatigue crack to initiate a crack in brittle materials. 
A razor blade cut or a hardness test indentation are often applied to make the pre-notch 
in these tests, but much attention needs to be taken to ensure that the notch radius is 
small enough, especially for fine grained materials. If the average grain size of the brittle 
materials is smaller than the notch radius, the fracture toughness will be overestimated13. 
 
1.4 Overview of finite element analysis methods 
As mentioned before, any geometry can be used to measure the critical stress intensity 
factor as long as the geometric stress intensity factor is known as a function of crack 
length (1.2). But in practical terms, it is not possible to solve all elastic problems in full 
detail and obtain an analytical solution for the K calculation. In order to solve this 
problem, finite element analysis has been widely used to extract a numerical solution of 
the K values for decades. 
Finite element analysis was first developed by Courant in 194314. In his work, he 
demonstrated the idea of minimization of a function using linear approximation over 
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small subregions with specific values for discrete points. Due to the limitation of the 
computer technology, this work had not been widely recognized at that time. A decade 
later, Argyris15  developed the matrix theory of structures for the discrete elements which 
gave standard formulations in structural mechanics. Turner et al.16 initiated the finite 
element analysis as a extension of matrix structural analysis in 1956. His colleague 
Clough was credited for creating the term “finite element”. With the development of more 
powerful computers, finite element analysis attracted more and more interest from both 
the academic society and the industry. It has been dominant in numerical solutions of 
not only structural mechanics problems but also fluid dynamics and electromagnetic 
problems since the 1990s. Now, it is a billion dollar industry with numerous commercial 
software packages available such as ANSYS, Abaqus and LS-DYNA. 
In finite element analysis, the body of the material is divided into a large number of 
smaller elements and the relative displacement of the corners and certain locations of 
the edges of the element can be described in terms of quantities called shape functions 
for each subdomain. After that, all element equations are recombined systematically into 
a global system of equations for the final calculation. The output of the finite element 
analysis software usually only includes information of displacement, strains or stresses. 
In order to extract information of stress intensity factors, proper postprocessing steps 
need to be carried out. In this project, a dedicated code “FRAC3D” was employed to 
determine the stress intensity factors. 
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Chapter 2.  Experimental methods for small 
scale mechanical testing 
2.1 Introduction to small scale mechanical testing 
With the development of microelectromechancial systems (MEMS) and other microscale 
devices, the need for measuring the mechanical behaviors of small volumes of materials 
is highly motivated. Also, there is more demand to investigate mechanical properties of 
thin films with thickness in the micron range. While a lot of progress has been made in 
previous studies, there are still significant challenges related to the preparation and 
handling of micro-size samples. In addition, there are still intense debates about the 
validation of the micro-scale tests as they may be more sensitive to surface damage or 
size effects. Both of these factors would invariably lead to inconsistent test results 
compared with conventional macro-scale tests.  
In this project, we employed a newly developed Hysitron PI-85 picoindentation 
system to perform a systematic study of micro-scale fracture toughness testing in single 
crystalline, bi-crystalline and polycrystalline brittle materials. Based on the availability of 
equipment and the ease of sample preparation and handling, we carefully selected three 
micro-scale testing methods and evaluated these techniques in different aspects. In the 
end, the best candidate was selected to perform the tests. 
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2.2 Micro compression splitting test 
2.2.1 Background and introduction 
 
Figure 2.1 Schematic depiction of compression splitting test17. 
 
Nanoindentation is a standard technique for measuring the elastic and plastic properties 
of materials at the micro scale. In principle, it could be used to create cracks as in the IM 
technique. While nanoindentation has the advantage of its relative simple setup and 
commercial availability, it suffers from large uncertainties from subjective crack length 
measurement, susceptibility of local residual stress and lack of exact theory18. However, 
by modifying the tip geometry of the conventional pyramidal indentation tip, compression 
tests can be performed using a nanoindentation system. In the modification, the sharp 
nano-indentation tip is truncated into a flat punch. This opens up new possibilities for 
mechanical testing at the micro scale.  
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Micro-compression testing of pillars and microparticles has become a very popular 
technique for determining mechanical properties of various materials in micro size19-21. 
However, in a simple, conventional compression test, failure is invariably catastrophic 
and rapid, so it is very difficult to study the details of the process. Also, compressive 
strength is not the most useful parameter to describe the fracture of brittle materials; it is 
better to describe the fracture using energy criteria such as fracture toughness. The 
solution of this problem was already proposed as early as the 1920s in Griffith’s famous 
paper10, that is to introduce sharp cracks in a separate experiment before the fracture 
test. Just such an experiment process was described by Kendall17 where a sharp steel 
blade was used to generate an initial crack on a polymer sample or a diamond was used 
to scratch the specimen surface of brittle materials. After this modification, the 
compression test was converted to a compression splitting test in which a steady-state 
crack growth could be achieved during the test. 
As shown in Fig. 2.1, in the compression splitting process the strain due to the 
punch has two components: compression strain and a bending moment resulting from 
the eccentricity of the force 1/2F22. Since the compression strain does not change with 
the crack length, only bending strain needs to be considered when we apply the Griffith’s 
energy criteria of crack growth. The fracture surface energy per unit area R was given by 
Kendall as17. 
𝑅 = 3
2𝐸𝑑
�
𝐹𝑐𝑟𝑖𝑡(1−𝑤𝑑)
𝑏
�
2
                                                                                                  (2.1) 
This theory also predicts that the force required for the splitting process depends 
on the punch size, specimen size, the elastic properties and lateral pressure following a 
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steady state crack propagation manner. R can then be related to the critical elastic strain 
energy release rate Gc=2R, and Gc can be related to the fracture toughness as  
Gc = KC2/E                                                                                                                     (2.2) 
The compression splitting technique should be compatible with available 
processing and testing techniques. With the help of Focused Ion Beam (FIB) milling, a 
micron size specimen similar to the micropillars already studied in compression can be 
fabricated on a single grain boundary, and precise ion milling will be used to create a 
pre-crack along the grain boundary. The nanoindenter with a flat punch can then be 
used to apply the necessary compressive force. 
 
2.2.2 Sample fabrication 
Every mechanical testing sample intended for the compression splitting test was 
fabricated by FIB technique. The following example will show how to fabricate a 
compression splitting test sample at a spinel bi-crystal grain boundary. The sample width 
size should be larger than the diameter of the punch size for the splitting process (the 
reason will be given out later). Larger aspect ratio (height/width) is also beneficial. It is 
important to note that ion beam damage has previously been found to cause an 
amorphous layer to form on the sample surface and to influence the compressive 
behavior of micron specimens23, 24. Caution must be taken in the ion milling, and a small 
beam current must be used in the final milling procedures to minimize this effect. To see 
the grain boundary in a scanning electron microscope, a thermal etching step is required 
prior to the FIB fabrication.  
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Figure 2.2 As-prepared compression splitting test sample by FIB. 
 
The compression splitting samples are prepared by FEI Strata FIB system as 
follows. First, spinel is coated with 250 nm thick gold-palladium in the Polaron E5100 
sputter–coater to make the sample surface conductive. After putting it into the FIB 
system, the stage is first tilted to 52° (sample is perpendicular to the ion beam) and 
coated with a 2 μm platinum layer to protect the interesting area. It also serves as a 
buffer layer during the compression test (as discussed later). A small current like 100 pA 
is used at this stage to minimize the surface damage. The next step is to cut trenches 
with a typical depth of 8-10 μm around the protected area with a very large current such 
as 7000 pA. In order to make a sample with even thickness, the sample must be tilted 
1.2° away from the direction perpendicular to the ion beam following a cleaning cross 
section polishing with reduced current such as 3000, 1000, 500 pA until the desired 
sample thickness is reached. After that, a 90° rotation of the stage is performed and the 
other two sides are also cleaned. Finally, a very small current like 50 pA is used to 
trench a groove along the grain boundary to help the initiation of the pre-cracks during 
the test. An as-prepared sample that was made following this procedure is shown in Fig. 
2.2. 
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2.2.3 Mechanical testing 
In Kendall’s paper17, the punch size relative to the sample top width was discussed. It is 
clear that the tendency of desirable bending will be greater when the punch is narrower, 
and it should be zero when the punch is as wide as the pillar top (that is, the test will be 
a simple compression test instead of a splitting test). Since the size of the flat indenter is 
about 1μm, the minimal sample width should be larger than 1μm.  
It was also found that if the specimen size is reduced towards17 
𝑑 = 323 𝐸𝑅
𝑌2
= 16𝐾𝐼𝐶2
3𝑌2
                                                                                                         (2.3) 
then the splitting force begins to rise to infinity. R is the fracture energy per unit 
area and Y is the yield strength. A typical KIC of spinel polycrystal was reported as 1.2 
MPa√m25. Average Young’s modulus is about 284 GPa24. The estimated minimum size 
based on Equ.2.3 is therefore much smaller than the specimen dimension in our tests. 
The fracture test is carried out in a SEM with the in-situ indentation system PI-85 
custom built by Hysitron. It is able to control μN forces and nm displacements using a 
doped diamond interchangeable indenter and capacitive load sensor. A tip with flat 
contact surface (~1 μm2) is used to avoid indention during the test. Also, machine 
compliance of the system has been calibrated with the help of another group member 
beforehand by conducting a series of indents at varying loads in a known sample and 
extrapolating the compliance data down to the zero loading. Current design shows a 
machine compliance of 2 nm/mN in the calibration. After knowing it, the compliance can 
be subtracted in the data analysis to get the proper displacement values. 
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Carrying out the test is a very simple and straightforward procedure after the 
sample is fabricated and mounted on the device. The device is mounted on a SEM stub 
using cyanacrylate (in order to minimize the added compliance). An estimated fracture 
stress can be calculated by substituting a reported KIC value   (R= KIC2/2E)26 into Equ.2.1. 
Based on the estimated value, a series of compression steps with increasing maximum 
load will be performed to help initiate a sharp crack along the grain boundary. In principle, 
after reaching the critical splitting force Fcrit, the surface fracture energy of different grain 
boundaries can be calculated and then related to TEM images showing the boundary 
chemistry and structure (such as the boundary complexion). 
 
Figure 2.3 Pillar buckling in preliminary compression splitting test. 
 
We have successfully fabricated a set of samples on an as-prepared bi-crystal 
grain boundary by FIB and performed compression splitting tests for a few of them. In 
the preliminary test trails, buckling is found to be a big issue (Fig. 2.3). Misalignment and 
friction may be the two main causes of this problem. Misalignment was reported to have 
a huge effect on measured elastic modulus as shown in Fig. 2.4. A decrease of the 
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measured elastic modulus is observed with increase of misalignment27. Misalignment as 
small as 1° will invariably result in large errors in elastic modulus measurement as 
shown in Fig. 2.428. Misalignment will also discourage the bi-directional buckling needed 
for compression splitting. Improving the alignment in the test system will be a key issue 
for performing a successful test. A very small amount of misalignment would result to 
large scattering of testing data which make it unfavorable for the statistic consistency. 
Due to the difficulty to flatten the sample top surface, friction is another issue which 
would cause uneven loadings and scattering of testing results. We conclude that this test, 
while promising, is very difficult to carry out correctly using the equipment available. 
 
Figure 2.4 The effect of system misalignment on the error in elastic modulus28. 
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2.3 Double torsion test 
2.3.1 Background and introduction 
Double torsion testing requires a thin plate and compressive loading to put the plate into 
4-point bending. Thin plates are routinely made using the FIB during the preparation of 
transmission electron microscope (TEM) specimens, so this geometry is promising for 
micro scale mechanical specimens. After being introduced in the 1960s29, 30, double 
torsion testing has gained popularity because of the relative simple experiment setup 
and the independence of KIC on the crack length. The usual expression relating the 
critical load to the fracture toughness is given by 31 
KI = PWm � 3Wdnd3(1−v)ξ�1/2                                                                                             (2.4) 
where P is the load, ν is Poisson’s ratio and others are defined in Fig. 2.5. It 
represents a plain strain condition at the crack tip and ξ is a correction factor for a thick 
specimen obtained using elastic theory for thick plates32. ξ is given by  
ξ = 1 − 0.6302t + 1.20te−π/t                                                                                       (2.5) 
where t=2d/W. It was found that when the specimen was under constant load, 
crack velocity was constant33-35.  
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Figure 2.5 Schematic depiction of compression double torsion test32. 
 
In addition, a linear relationship between compliance and crack length was 
confirmed by Williams et al35. They also showed that, for the constant displacement, the 
crack growth rate was related to the instantaneous load and the corresponding load 
relaxation rate (dP/dt). So it is also possible to measure crack velocity V over a range of 
KI from a single experiment.  
 
2.3.2 Sample Fabrication 
Sample fabrication in double torsion test involves the fabrication of the test platform and 
the specimen. Silicon is selected as the material for the test platform for its stiffness and 
availability of convenient fabrication techniques. A schematic diagram of the platform 
with the outline of a specimen mounted on it is shown in Fig. 2.6. The platform has two 
small pyramids or cones that will support the front edge of the specimen, and two long 
ridges to support the back edge and to allow for differences in specimen length. To 
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make the platform, a 280 nm layer of silicon oxide is grown on top of the silicon for the 
mask of wet etching. Photoresist called PMMA is deposited on the silicon oxide layer 
with spin coating. E-beam lithography is performed on the PMMA to write the pattern of 
the platform. After it is developed, 10% hydrofluoric acid is used to etch the silicon oxide. 
The next step is to use silicon oxide as a mask to etch the silicon underneath. The 20% 
KOH solution is heated to about 80 °C. After proper etching time has elapsed, the test 
platform is ready to use. Currently, only crude test supports for the double torsion test 
have been created. 
 
 
 
Figure 2.6 The concept of specimen supports for the double torsion test. 
 
Fabrication of the double torsion specimen was a challenge in our first proof of 
concept trials. The ideal length/width/thickness ratio equals 40:12.5:1, based on some 
popular designs that minimize the boundary effects of specimen mounting31. Since it is 
not safe to handle the sample if reducing specimen thickness under 0.4μm, the smallest 
dimension of the specimen is 16 μm×5 μm×0.4 μm. The flat specimen should be put on 
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the test platform horizontally while using the conventional TEM sample preparation 
method. This is a challenge because the FIB manipulator typically attaches to the 
sample foil perpendicularly and would therefore interfere with the micromachined Si 
substrate during specimen transfer. To solve this problem, standard metallographic 
polishing steps are used to create a sharp corner on the spinel block in advance, and a 
two-step FIB method is proposed that allows successful specimen transfer from spinel 
block to Si support.    
 
Figure 2.7 Ion beam image of sample attached by a manipulator after second step of 
FIB process. 
 
In the first step, a long strip of Pt is deposited on the edge of the specimen to 
protect the interesting area. Trenching is performed adjacent to the Pt coated area by 
using a large beam current. Small current is used for the surface “cleaning” of the 
specimen on both sides until the thickness is reduced to 0.4 μm. After this process, only 
a 0.4 μm thin layer is left on the edge. (Fig. 2.7a) Please note that our preliminary 
samples at this stage don’t contain a grain boundary but one could be contained in 
future samples.  
a b 
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In the second step, the sample is taken out and turned around by 90°. From the 
top view, the trench made in the first step is beneath the sample. The ion beam is used 
to cut around the sample area and only a small portion of the section is connected to the 
bulk. After that, a dedicated tungsten Omniprobe internal manipulator is inserted and 
attached to the corner of the section with platinum deposition. (Fig. 2.7b) The connection 
between the foil and the bulk is then removed by ion milling. After the section is free from 
the bulk, it is safe to lower the stage and take the sample out. One must be very 
cautious when attaching the manipulator to the sample corner; since the sample is very 
thin, the pressure of the manipulator may bend the sample or introduce a large residual 
stress or pre-cracks.  
Finally, the flat sample is ready to be put on the test platform horizontally. A pre-
notch can be made on the center edge of the specimen by FIB milling. Another big 
challenge in the sample preparation is to make a large thin sample with even thickness 
out of the bulk material. If the sample is inhomogeneous in its thickness, an accurate 
double torsion test cannot be accomplished. 
 
2.3.3 Mechanical testing 
As mentioned before, the fracture toughness KIC can be calculated from Equ. 2.4. The 
load P is somewhat smaller than the critical load PIc that is the necessary load to initiate 
fast fracture of the specimen. P is the load sufficient for rapid moving of the crack, and a 
large relaxation is observed when the load is monitored as a function of the time. In 
practice, we can use a constant load mode in our indentation system by increasing 
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maximum load until we observe the large relaxation. By recording the load P at this time 
and corresponding dP/dt, both KI (Equ. 2.4) and V (Equ. 2.6) can be calculated by  
V = − Δ
BP2
(dP
dt
)                                                                                                                (2.6) 
where B is the slope of the curve and Δ is the load point displacement. Δ of a 
linear elastic solid is related to the applied load P through the compliance relationship 
Δ = λP                                                                                                                           (2.7) 
The compliance λ has a linear relationship with the crack length except near the 
end of the specimen. The existence of significant nonlinear end effects was discovered 
by Mckinney et al.34 The data from a region approximately a distance W from each end 
was found to deviate from ideal behavior and the analytical solution of K is not valid. It is 
a consequence of nonlinear regions of the compliance relationship. The linear range was 
determined to be as follows in Table 2.1. 
Table 2.1 Linear range of samples with different aspect ratios. 
L W D Linear range 
20 10 1 0.55W < a < L-0.65W 
75 31 1 0.5W < a < L-W 
75 50 1 0.4W < a < L-0.8W 
 
Specimen dimension control is another important consideration in the experiment. 
As surveyed by Tait etc.25, length to width ratio of 2 or 3 was widely used and also 
thickness to width ratio is between 1/6 to 1/15. Thickness of more than 1/6 is not 
recommended as interaction between the torsion bars is likely. In our first few trials, a 
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dimension of 40:12.5:1 was adopted. Also, a tapered notch is found to be effective to 
facilitate the precrack initiation at the low load range; this will be created with FIB milling. 
It was also suggested that although grooves are sometimes employed to help constrain 
the crack to the center of a bulk specimen, it may substantially influence the test by 
introducing stress concentration and uncertainties into the analysis of stress intensity 
factor. It is possible to avoid the groove with precise alignment of the applied load 
distribution31. So in our exploratory set of samples we did not include a groove. 
The test procedure is quite simple and just like the double torsion test described 
before, while a spherical tip instead of a flat tip will be used to generate the 4-point 
bending stress configuration. 
 
Figure 2.8 (a) a plate was mounted to a micromachined Si substrate; (b) the 
micromachined Si substrate for double torsion test. 
 
In the proof-of-concept attempt, a simple rectangular plate (that contains a grain 
boundary) was FIB milled from a bulk spinel sample and mounted to a micromachined Si 
substrate (Fig 2.8a). The substrate was supposed to have two support points and two 
long rods at the far end (Fig. 2.6) but the structure we currently obtained has features 
a b 
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that are not as sharp as desired (Fig. 2.8b). Nonetheless, this demonstration shows that 
it is possible to create a specimen with the correct general characteristics and to attach it 
to a silicon support frame for testing. 
Due to an extended lack of availability of the E-beam lithography equipment 
needed to prepare the support substrates, substrate preparation process was 
suspended in this project. In the future, more work could be done on improving the 
support plate fabrication process. A rectangular plate containing a bi-crystal grain 
boundary would then be mounted on the substrate and the mechanical test would be be 
carried out. In our proof-of-concept attempt, it was found that the rectangular plate 
thickness may be uneven due to the uneven FIB milling and this might be avoided in the 
future sample preparation by modifying the milling angle. In addition, since the sample 
thickness was very small (about 0.5 μm), damage may be caused in the handling and 
mounting process (Fig. 2.7a) and so special care must be taken to avoid this. 
 
2.4 Micro-cantilever deflection test 
2.4.1 Background and introduction 
With the progress in fabricating micro-electro-mechanical systems (MEMS), the detailed 
study of the failure mechanisms under various kinds of loadings has attracted more and 
more attention. As introduced in 198836, the Micro-cantilever Deflection test method has 
been widely used to determine mechanical properties such the Young’s modulus, the 
fracture strength, and the fracture toughness36-38 for thin films. Either etching36 or the 
focused ion beam37 technique is often used for the sample preparation, and a 
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nanoindenter has typically been used to perform the test and record the loading and the 
displacement. The sample dimensions and the loading mechanism are shown in Fig. 2.9.  
 
Figure 2.9 Schematic depiction of nanoindenter loading mechanism and a cantilever 
microbeam 36.  
 
The fracture toughness can be calculated by the following equation 39 
( )Wafa
BW
FLKC •= π2
6                                                                                      (2.8) 
where F is the load at fracture, L is the distance between the loading point and the 
notch, W and B are the thickness and widths of the beam, respectively, a is the initial 
crack or notch length, and f(a/W) is a standard correction factor to account for the finite 
specimen width 39.  
Unlike compression splitting and double torsion testing, cantilever fracture is 
unstable so Kc is measured directly instead of Gc. It should be noted that Equ. 2.8 is 
based on the assumption that the precrack tip is sharp. In order to calculate accurate 
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fracture toughness values, it is required to introduce a sharp precrack at the sub-
micrometer scale, which is a challenging task for brittle materials at such small 
dimensions. It was reported that a notch with a root radius of 0.25 μm generated by FIB 
milling is not able to be regarded as a crack in micro-size samples with geometric 
dimensions of 10×10×50 μm 40. One of the new methods to produce sharp notch 
involves three steps of FIB cutting with decreasing ion beam current as shown in Fig. 
2.10a 41. The details of the sharp notch initialization and the influence of notch radius on 
fracture toughness will be discussed in later chapters. 
 
Figure 2.10 Schematic depiction of fabricating sharp precrack with (a) reduced beam 
current 41 and (b) leaving bridges in the pre-notch37. 
 
Unlike a regular notch which usually extends over the full width of the cantilever, 
another new method intentionally leaves materials bridges at both side of the pre-notch 
which are about 50-100nm wide as shown in Fig. 2.10(b)37. It was believed that when 
loading the pre-notched beams the thin material bridges immediately experience the 
highest stresses and may thus fail at first and introduce a crack with uniform crack 
length37.  
a b 
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In contrast, it was also claimed by another group42 that notches with a depth of 
5μm and a root radius of 0.5 μm fabricated by regular FIB milling are sufficient to initiate 
a sharp precrack in micron sized samples. With a viable method to create a relatively 
sharp notch and some results in the literature indicating that such a notch is not even 
absolutely necessary, notch creation at the sub-micron scale should not limit the use of 
micro-cantilever bending. 
 
2.4.2 Sample fabrication 
We have prepared micro-cantilever samples by applying FIB techniques near a sharp 
edge of a cube-shaped spinel sample. Two steps were involved in the process. In the 
first step, three trenches were made around a strip area. They were cut by a beam 
current at 3000 pA at 30 KeV first and the surface was cleaned by a beam current at 500 
pA at 30 KeV to reduce surface roughness. A pre-notch was cut by a beam current of 30 
pA at 30 KeV, and bridges of about 100nm wide were left at both sides of the notch to 
help initiate sharp precracks as discussed before37. Also, shallow marks were made at 
the position where the indenter should contact the beam. In the second step, the spinel 
block was turned by 90°. By milling underneath the stripe by FIB, the micro-cantilever 
beam was made. The main steps of the process are shown in Fig. 2.11. The details of 
the sample preparation will be given later. 
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Figure 2.11 Sample preparation procedure by FIB in micro- cantilever beam deflection 
test. a) The beam width is established and the markers are milled, (b) the beam is 
undercut to define the thickness, c) on the finished beam, the partial pre-notch on the 
beam surface is visible. 
 
2.4.3 Mechanical testing 
Micro-cantilever Deflection test was carried out on single crystal spinel for the proof of 
concept. Cantilever samples of essentially the same geometric configurations were 
prepared by the FIB technique near a sharp edge of the single crystal spinel. The pre-
notch was cut by FIB milling with an ion beam current of 28 pA for 60 s. The notch did 
not extend over the full width of the cantilever, and thin bridges of about 100 nm were 
left at both side of the notch.  
The fracture tests were carried out in an SEM using the same Hysitron PI-85 in-
situ nanomechanical test system used for the compression splitting and DT specimens. 
A doped conical diamond indenter tip with a spherical tip radius of ~1 μm was used to 
avoid excessive indention during the test. The tip was specially shaped to allow a clear 
view of the contact location, as shown in Figure 2.12. Testing was performed under load 
control with a loading rate of 5 μN/s. 
a b c 
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During our proof of concept tests, the micro-scale cantilever beam deflection 
testing method offers consistent and reliable testing data which makes it most favorable 
for this project. The details of this technique will be explored in the next few chapters and 
more efforts will be put to better understand and improve this technique. 
 
Figure 2.12 (a) In-situ micro-cantilever beam deflection test using an SEM picoindenter 
system in a {100}<100> specimen; (b) fracture occurs and the test is terminated. 
 
2.5 Comparison of different mechanical testing methods 
The double torsion test and the beam splitting test both have the benefit of steady state 
crack growth which means we can perform multiple measurements in a single test. Also, 
the stress intensity factors are independent of the initial crack length which makes them 
convenient for the fracture toughness measurement. Compression splitting test is also 
most cost efficient as it only cost 2-3 hours FIB time and $100-$150 equipment charge to 
prepare one sample. However, as we mentioned before, the biggest disadvantage of this 
test is that it is very sensitive to the misalignment which would cause large scattering of 
a b 
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the test data. Since it is very difficult to align the tip of the indenter with the beam in 3D 
through a 2D view SEM, it is not practical to obtain consistent results by this test method. 
 In terms of cost efficiency, double torsion test is most expensive as it not only 
costs more than 10 hours and $500 equipment charge to make a single specimen but 
also costs additional time and money to make the mechanical testing support by e-beam 
lithography. Also, tremendous attention must be paid to the handling and testing of the 
specimen which adds to training and practicing time and money.  
The Micro-cantilever Deflection test has an unstable crack growth mechanism 
which means only one data point can be obtained in a single test. The cost of the 
sample preparation is moderate at about 4-5 hours and $200-$250 equipment charge to 
make a specimen. Most importantly, this test technique is not very sensitive to 
misalignment and can generate consistent results which makes it most reliable test 
methods. After careful comparison, the Micro-cantilever Deflection test was selected for 
this project. The pros and cons of each test are summarized in Table 2.2. 
Table 2.2 Comparison of different micro-scale mechanical test. 
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After we have determined the testing geometry, the next step is to model the stress 
intensity factor by finite element analysis which will be illustrated in the next chapter. 
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Chapter 3.  Finite element analysis of spinel 
single crystal micro-cantilevers 
3.1 Introduction and background 
Before performing the Micro-cantilever Deflection test in spinel single crystals, it is very 
important to calculate the stress intensity factors (SIFs) and strain energy release rate 
(G) for the test geometry. As the analytical solution is difficult to obtain for this geometry, 
these numbers will be calculated by modeling the test geometry using the numerical 
finite element analysis method. Before doing so, however, it will be very helpful to have a 
quick review of the status of the development of applying finite element analysis to study 
single crystal materials. The elastic anisotropy present in nearly every single crystal 
material will result in different SIFs and Gs for different crystallographic orientations even 
when the loading state is consistent. 
Elastic anisotropy in single crystals was addressed by Ingel and Lewis43 in 1988 and the 
linkage between elastic anisotropy and mechanical properties was investigated by Rice44 
in 1994. In 1998, Azhidari et al. successfully applied anisotropic FEA to characterize the 
fracture behavior of single crystal Al2O3 at the macroscale45, 46.  
Certain researchers working specifically with cantilever beams were aware of the 
influence of the elastic anisotropy on the cantilever test. Krawczuk et al.47 and Kisa 48 
investigated pre-cracked composite cantilever beams using FEA with consideration of 
the influence of different fiber orientations. But the study was focusing on the mechanical 
properties such as the natural frequencies of the beam not the stress intensity factors. 
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The anisotropic stress distribution were also studied in textured Zr-2.5Nb alloy by Kim49 
and threshold stress intensity factor as a function of orientation were obtained for 
cantilever and compact tension specimens. But the study was performed in polycrystal 
with textures not in the single crystal. 
In contrast, the majority of the cantilever tests performed before assume an isotropic 
model for the stress intensity factor and strain energy release rate calculations. For 
example, Yu and Chu 50 used an analytical isotropic method to obtain the SIFs in 
functionally graded material cantilever beams when the pre-crack was present without 
discussing the elastic anisotropy in their study. In another example, the finite element 
method was applied to extract mechanical properties from nanowire bending tests51. It 
also assumed an isotropic model while the crystal structure of nanowires was not 
studied. In micro-cantilever deflection tests, 2-D isotropic models were usually used in 
the FEA and elastic anisotropy was not taken into account even though experiments 
were performed in silicon single crystals39, 40, 52 or TiAl53 single crystals.  
To sum up, a study containing all the necessary information of employing finite element 
analysis to model cantilever deflection test in single crystal materials, as well as a 
detailed discussion of the influence elastic anisotropy on the stress intensity factor and 
strain energy release rate, to our knowledge, is not yet available.  
In the remainder of this chapter, a comprehensive finite element analysis for the micro-
cantilever deflection test in single crystals will be presented. In an effort to accurately 
quantify the observed fracture behavior, three dimensional anisotropic FEA was carried 
out using a specialized FEA code (FRAC3D)54-56 to determine the anisotropic SIF and 
strain energy release rate under general 3-D anisotropic conditions with respect to 
crystal orientation. FRAC3D utilizes enriched crack tip elements that embed the correct 
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anisotropic asymptotic stress field at the crack tip, providing very good agreement with 
known analytical solutions55, 56. Thus, the relationship between fracture parameters and 
anisotropic elastic properties can be accurately evaluated by combining experimental 
measurements and finite element simulation results.  
In a second study, SIF calculation results for different materials with different elastic 
anisotropy were compared. The goal of this work was to determine how sensitive the SIF 
is to the degree of anisotropy. With this information, it will be possible to make informed 
choices about whether or not it is worth using the anisotropic analysis for a given 
material. 
Finally, the SIF as a function of crack growth direction was determined. SIF calculations 
often assume a self-similar crack growth behavior; but in reality, the crack may deflect a 
certain angle from the pre-crack when it starts to grow, as we observed in some of our 
cantilever beam deflection tests. To solve this problem, equations obtained from the 
“maximum tensile stress”57, 58 criterion for mixed-mode crack propagation were used to 
determine mode I stress intensity factor KI as a function of crack deflection angle θ. 
 
3.2 Experimental 
3.2.1 3-D modeling of the cantilever beam 
A focused ion beam (FIB) milling technique was used to create the cantilever beam 
specimens and sharp pre-cracks as shown in Fig. 3.1a. Five representative specimen 
orientations, including {100}<100>, {100}<110>, {110}<100>, {110}<110> and 
{111}<110> were selected for the single crystal spinel tests. The notation used 
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henceforth for the geometric orientation is {intended fracture plane}<intended crack 
growth direction>. Load was applied directly to the beam using a cono-spherical 
diamond tip driven by a Hysitron PI-85 SEM in-situ nano-indentation system, which can 
also be seen in Fig. 3.1a. The load and displacement curve was measured by the same 
Hysitron transducer. The fracture load was used for the fracture toughness calculation. 
The dimensions of the beams and the initial crack length were measured before and 
after the test using the SEM as shown in Fig. 3.1b.   
 
Figure 3.1 The dimension and crack length measurement from a spinel {100}<100> 
sample. 
 
For the FE modeling and analysis described in this paper, the commercial FEA software 
ANSYS 12.0 was used to build a 3-D model. The dedicated software FRAC3D was 
subsequently used as a solver. The mesh, boundary conditions and global coordinate 
systems are shown in Fig. 3.1. The dimensions of the cantilever beam model are 12 μm 
× 3 μm × 3 μm (B/W=1) with a fixed point load of 2000 μN. The pre-notch depth is 1 μm 
(a=W/3) and the distance from the pre-notch to the loading position is 9 μm (L=3W). 
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These are typical dimensions for the actual cantilever beams used in the experimental 
study. The FE model of the cantilever is composed of about 19000 elements and 85000 
nodes. The 3-D 20-node solid elements (SOLID95) were used for the modeling of the 
cantilever beam. The mesh of elements was refined around the crack tip as shown in Fig. 
3.2. In this model, we included a considerable portion of the wall, and the elastic 
compliance of the wall would be considered in the simulations in addition to the elastic 
behavior of the cantilever beam. This is necessary because the portion of the wall near 
the base of the cantilever also deforms when the beam is loaded, increasing the overall 
compliance compared to the case in which the wall is modeled as a rigid constraint. The 
boundary condition shown in Fig. 3.2 assumes that along the part of the wall far from the 
cantilever, the displacement of the X, Y, and Z directions is 0. 
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Figure 3.2 Representative 3-D finite element analysis geometry and boundary 
conditions with the XYZ global coordinate system and the {hkl}<uvw> material/crack 
coordinate system indicated. In the inset sketch, the normal direction of the notch plane 
{hkl} and the nominal crack extension direction <uvw> are shown. 
 
3.2.2 Transformation of elastic constants 
In this study, dimensionless anisotropic stress intensity factors were generated using the 
specimen geometry and anisotropic material properties. It should be noted that simplified 
2-D models are generally not suitable for evaluating the specimens in this study, since 2-
D models cannot capture the fully 3-D mixed-mode fracture behavior that occurs when 
the crack plane is not aligned with one of the material’s crystallographic planes of 
symmetry of some specimen orientations such as <111>{110}, <110>{100} and 
<100>{110}. In these three cases, the materials elastic constants are not symmetric with 
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respect to the X-Y plane shown in Fig. 3.2. So it is not reasonable to simplify the 3D 
model into a 2D model in the X-Y plane to calculate either the SIF or the strain energy 
release rate. 
Spinel was tested in the experiments described in Chapters 4 and 5, so the FEA work 
presented here will use the elastic modulus of spinel as an example. In most cases, the 
cracks were aligned with the principal orthotropy axis so it possesses orthogonal 
symmetry, the exception being {111}<110>. For the cases of orthotropic symmetry, nine 
effective elastic constants of spinel were determined by matrix transformation for each 
specimen crystallographic orientation as shown in Table 3.1 and the corresponding 
coordinate system as shown in Fig. 3.2. The details for the transformation are included 
in the Appendix. For the {111}<110> specimen, which lacks orthotropic symmetry in the 
coordinate symmetry of the beam, 21 independent stiffness constants were determined 
from the matrix transformation for input into the FRAC3D software as shown in Table 3.2. 
Table 3.1 Materials properties of spinel used in finite element analyses of the orthotropic 
crystal orientations59.  
Specimen {100}<100> {100}<110> {110}<100> {110}<110> 
X axis 100 100 110 110 
Y axis 100 110 100 110 
Z axis 100 110 110 100 
Exx/GPa 171 171 283 283 
Eyy/GPa 171 283 171 283 
Ezz/GPa 171 283 283 171 
Gxy/GPa 151 151 63 151 
Gxz/GPa 151 151 151 63 
Gyz/GPa 151 252 151 151 
Vxy 0.35 0.35 0.59 -0.07 
Vxz 0.35 0.35 -0.07 0.59 
Vyz 0.35 0.07 0.35 0.59 
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Table 3.2 Stiffness coefficients matrix of spinel used for {111}<110> sample. 
stiffness /GPa stiffness /Gpa stiffness /Gpa stiffness /Gpa stiffness /Gpa stiffness /Gpa 
c1111 402 c1122 94 c1133 94 c1123 0 c1113 0 c1112 0 
c2211 94 c2222 375 c2233 124 c2223 0 c2213 -42 c2212 0 
c3311 94 c3322 124 c3333 370 c3323 0 c3313 44 c3312 0 
c2311 0 c2322 0 c2333 0 c2323 124 c2313 0 c2312 -42 
c1311 0 c1322 -42 c1333 44 c1323 0 c1313 94 c1312 0 
c1211 0 c1222 0 c1233 0 c1223 -42 c1213 0 c1212 94 
 
3.3 Simulation results 
3.3.1 Effect of single crystal anisotropy on stress intensity factors 
The dependence of the intensity factors on crystal orientation was calculated using 
FRAC3D for the five crystallographic orientations described previously; the 
corresponding results for the same orientations tested experimentally are reported in 
Chapter 4. Fig. 3.3a shows the calculated variation of the Mode I (opening mode) stress 
intensity factor KI along the straight crack front. These results were generated based on 
the representative beam dimensions B/W=1 and L=3W. The left and bottom axes display 
absolute SIF and dimension values for the case studied, while the right and top axes 
show the same values normalized by the beam width, B, and the isotropic SIF, KI,(iso), 
respectively. The results show that KI changes with crystal orientation due to elastic 
anisotropy (E111/E100 = 2.133)60. FRAC3D results based on a purely isotropic elastic 
behavior assumption ( Eiso = �E110E111  and ν=0.31) are also shown in Fig. 3.3 for 
comparison. The largest difference between the isotropic and anisotropic cases is only 
~7% in the center of the beam. The difference between the highest and lowest KI values 
for the anisotropic cases is approximately ~10%. As expected for a fully 3-D model, the 
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stress intensity factor varies across the beam width (Z axis: Z=0 and Z=3 um correspond 
to the beam’s free edges with Z=1.5 um the center of the beam).  
While the Mode I stress intensity factor KI is smallest at the edge of the cantilever beam 
as seen in Fig. 3.3a, the Mode II (sliding mode) stress intensity factor KII is largest at the 
edge of the beam (Fig. 3.3b). The rapid change in the magnitudes of the stress intensity 
factors near the free edges is a well-known phenomenon and depends on the material 
properties and the intersection angle of the crack front with the free surface. The largest 
difference between the isotropic and anisotropic cases is approximately 20% in the 
center of the beam. However, the absolute maximum value of KII is less than 5% of the  
absolute maximum value of KI, so the variation in the sliding mode is relatively 
unimportant. 
As seen in Fig. 3.3c, with the exception of specimen {111}<110>, KIII is negligible. The 
relatively strong Mode III (tearing) component in specimen {111}<110> is due to non-
symmetry in the anisotropic properties with respect to the crack front. However, even in 
the {111}<110> case the value of KIII is small compared to that of KI. 
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Figure 3.3 Stress intensity factors calculated from FRAC3D for different crystallographic 
orientations: (a) Mode I stress intensity KI; (b) Mode II stress intensity KII; (c) Mode III 
stress intensity KIII . KI or KII are separately normalized by dividing KI(iso) or KII(iso) that are 
the stress intensity factors at the center of the beam of corresponding isotropic model. 
The variation of K across the beam width is also shown for each case.  
 
3.3.2 Effect of single crystal anisotropy on strain energy release rate 
Whereas the stress intensity factor at the tip of a crack includes contributions from the 
crack size, the crack location, the material’s elastic modulus, and the strain energy 
released during fracture, the strain energy release rate, G, considers only the energy 
dissipated in the formation of new surface and in plastic deformation (if there is any). 
Thus the two quantities reflect different aspects of the critical condition needed for 
fracture: K reflects the component and crack geometry while G is more indicative of the 
material’s fundamental response to fracture. 
Strain energy release rate is determined by the FRAC3D code assuming self-similar 
crack growth (i.e., perpendicular to the top surface of the beam). Details concerning 
derivation of the strain energy release rate formulation can be found in a reference61. 
The results of the finite element analysis are summarized in Fig. 3.4. The strain energy 
release rate of the {100}<100> specimen turns out to be more than 50% larger than that 
of {111}<110> specimen and 25% larger than the isotropic specimen. Thus the use of an 
isotropic analysis could lead to a significant error in determining G. It is not surprising 
that the strain energy release rate has a greater variation for different orientation 
specimens than the SIFs as the strain energy release rate is proportional to the square 
of the SIF in isotropic materials (G = K2/E for plane stress).  
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Figure 3.4 Strain energy release rate (G) calculated from FRAC3D for different 
crystallographic orientations. G values are separately normalized by dividing G(iso) that 
are the strain energy release rate at the center of the beam of corresponding isotropic 
model. The variation of G across the beam width is also shown for each case. 
 
3.3.3 Effect of degree of anisotropy on the stress intensity factor 
calculations 
In the preceding sections, the variation in K and G were evaluated for spinel single 
crystals. Spinel has a fairly high degree of elastic anisotropy among cubic materials, and 
has E111 > E100. There are many other materials of scientific and technological interest 
that have different degrees of anisotropy, and even a different type of anisotropy in 
which E111 < E100. For those materials that are close to isotropic, there may be marginal 
value in invoking a full anisotropic analysis while for those materials with a high degree 
of anisotropy it may be highly necessary.  
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To study how the degree of anisotropy would influence the stress intensity factor 
calculations, materials with different degrees of anisotropy were simulated. The resulting 
differences of the SIF compared with isotropic results are shown in Fig. 3.5a for two 
representative sample orientations that include the stiffest and least stiff direction along 
the nominal crack growth direction: {100}<100> and {111}<110>. To simplify the 
transformation of the elastic constants, all the selected materials have cubic symmetry. 
The modulus of elasticity in any given direction can be calculated by the following 
equation for any cubic crystals60. 
1
𝐸
= 𝑠11 − 2�(𝑠11 − 𝑠12) − 1 2� 𝑠44�(𝑙12𝑙22 + 𝑙22𝑙32 + 𝑙12𝑙32)                                                     (3.4) 
where l1, l2, l3=direction cosines. The Young’s modulus E of the <100> direction is given 
by 1/s11 as Σli2lj2=0 (minimum value) and that of <111> directions is given by s11-2/3[(s11-
s12)-1/2s44] asΣli2lj2=0 (maximum value). E may be greater in either the <111> or the 
<100> direction depending on if (s11-s12)-1/2s44 is larger or smaller than 0. So we can 
define a quantity called the degree of anisotropy, Δ, in cubic crystals as follows.  
Δ = 2(s11−s12)
s44
                                                                                                                  (3.5) 
If Δ>0, E111 > E100, and the <100> direction is more compliant; for Δ<0, E111< E100, and 
the <111> direction is more compliant; when Δ=0, E111= E100, and the material shows 
ideal isotropic behavior. 
Eight materials with different degrees of anisotropy were investigated. These materials 
were chosen (including spinel) to cover a wide range of Δ values. The materials’ elastic 
constants are summarized in Table 3.359. FEA was carried using the same FEA model 
50 
 
and method described in Section 2; the details are contained in the Appendix. The stress 
intensity factors and strain energy release rate were determined by FRAC3D for each 
material. The differences between the isotropic and anisotropic stress intensity factor 
and strain energy release rate values for different materials with a {100}<100> or a 
{111}<110> orientation are summarized in Fig. 3.5a and Fig. 3.5b, respectively. Note 
that the spinel value of Log(Δ) is 0.33 which places it on the right side of the plots, 
second only to Cu for the highest positive degree of anisotropy among the materials 
selected for analysis here.  
Table 3.3 Summary of single crystal elastic constants and degree of anisotropy (Δ)59.  
materials SnTe PbTe ZrO2 CaF2 W Si MgAl2O4 Cu 
C11(GPa) 113 108 405 164 50 166 279 168 
C12(GPa) 8 8 105 44 20 64 153 121 
C44(GPa) 12 13 62 34 15 80 153 75 
Δ 0.22 0.27 0.41 0.56 1.00 1.56 2.43 3.21 
LOG(Δ) -0.66 -0.57 -0.39 -0.25 0 0.19 0.33 0.51 
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Figure 3.5 The difference in percentage of (a) KI and (b) G of {100}<100> and 
{111}<110> orientations compared with KI(iso) and G(iso) for different materials with 
different degree of anisotropyΔ. KI and G values are separately normalized by (KI-KI(iso))/ 
KI(iso) and (G-G(iso))/ G(iso) separately which shows the relationship between the deviation 
of KI and G and the degree of anisotropy. 
 
These results show that, for the materials whose degree of anisotropy is very close to 1 
(e.g., tungsten), the stress intensity factors of different orientations are, of course, equal 
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to the results obtained from isotropic models. When the degree of anisotropy is greater 
than 1, which means the <100> orientation is more compliant than the <111> orientation, 
the stress intensity factor of {100}<100> specimens will be larger than the isotropic case, 
and the stress intensity factor of the {111}<110> will be smaller than the isotropic case. 
The deviations of the anisotropic stress intensity factors from the isotropic case are 
positively related to the degree of anisotropy. In this study, specimens with more 
compliant orientations along the beam length would generally have higher stress 
intensity factors than those with less compliant orientations. As expected, strain energy 
release rate would deviate even more from the isotropic case when the Δ>>0 or Δ<<0  
which means there will be more significant errors if an isotropic model is used to 
estimate strain energy release rate in cantilever beam tests of single crystals. 
 
3.4 Discussion 
 3.4.1 Determining fracture toughness for self similar crack growth 
By completing the FEA, equations could be generated to calculate stress intensity 
factors for cantilever beam testing of spinel single crystals. The finite specimen width 
correction term, f(a/W), was first determined for isotropic and anisotropic spinel from 
FRAC3D calculations of the stress intensity factor, KI, for a chosen applied stress level. 
Isotropic elastic behavior was analyzed assuming a fracture plane perpendicular to the 
beam axis and three different notch depths of 0.5 μm, 1 μm and 1.5 μm, corresponding 
to a/W ratios of 0.167, 0.333, and 0.500 respectively. Over this range, we determined 
the f(a/W) expression by modifying the equation from the literature based on our 3-D 
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FEM simulations39, 40, 52. The validity of the equation is confirmed for geometric 
configurations in the range of 0.167< a/W < 0.5 and and 2< L/W <4 when B/W=1. 
( )Wafa
BW
FLisoKIC •= π2
6)(  
𝑓(𝑎 𝑊) = 1.44 − 1.65(𝑎 𝑊⁄⁄ ) + 8.65(𝑎 𝑊⁄ )2 − 15.43(𝑎 𝑊⁄ )3 + 16.52(𝑎 𝑊⁄ )4              (3.6) 
For anisotropic spinel, it is necessary to include the crystallographic orientation in the 3-
D finite element analysis. Ratios of stress intensity factor KI calculated with different 
anisotropic elastic constants versus KI calculated by isotropic elastic constants for notch 
depths of 0.5 μm, 1 μm and 1.5 μm are shown in Fig. 3.6. As expected, there are 
significant differences associated with the different orientations. The stress intensity 
factors of both isotropic cases and anisotropic cases go up with increasing a/W, but it is 
noted that the variation of the ratios with changing notch depth is very small for the a/W 
range analyzed here. A correction factor M that is itself independent of a/W could 
therefore be introduced to calculate KIC(a/W) for each specimen orientation from the 
following equation: 
)()( }{ isoKManiK ICuvwhklIC ×= ><                                                                        (3.7) 
where the M{hkl}<uvw> values are summarized in Table 3.4 for spinel. A similar set of M 
values could be calculated for another anisotropic material or for other orientations using 
the same procedure. 
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Figure 3.6 Ratios of stress intensity factor KI calculated with different anisotropic elastic 
constants versus KI calculated with isotropic elastic constants for the five beam 
orientations examined experimentally. Each curve also shows the variation of this ratio 
for notch depths of 0.5 μm, 1 μm and 1.5 μm, corresponding to a/W ratios of 0.167, 
0.333, and 0.500 respectively. All of the variations for the crystallographic orientations 
shown are between -4% and +7.5% of the isotropic analysis.  
 
Table 3.4 Summary of anisotropic KIC correction factor M{hkl}<uvw> for specimens with 
different orientations. 
Specimen 
orientation 
{100}<100> {100}<110> {110}<100> {110}<110> {111}<110> 
M{hkl}<uvw> 1.068 1.055 0.974 1.043 0.994 
 
In our tests for spinel, {100}<100> specimens shows a self-similar crack growth mode 
along {100} planes, as shown in Fig. 3.1b. By applying equations (3.6) and (3.7), fracture 
toughness values of {100} planes can be calculated from the tests. Our results suggest 
that it has a value of 1.3±0.5 MPam-1/2 for {100} plane fracture which is in very good 
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agreement with previous reported values that range from approximately 1.0 to 1.5 
MPam-1/2 62. It also validates the finite element analysis method described in this paper.  
 
3.4.2 Determine fracture toughness for crack deflection cases 
It is often the case that in a cantilever beam deflection test the specimens may not 
always fracture along the plane perpendicular to the beam axis, in which case the actual 
fracture toughness of the actual fracture plane would not be the same as the nominal 
fracture toughness. This is shown for (110)<110> spinel specimens Fig. 3.7a. To obtain 
fracture toughness values for the corresponding fracture planes, the angular variations 
of effective stress intensity factor KI must be determined.  
 
Figure 3.7 (a) SEM image showing the crack deflection behavior in a MgAl2O4 
(110)<110> specimen, and (b) a 2-D model showing a propagating crack with deflection 
angle θ in the local x, y coordinate system. 
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Since the fracture plane rotation is often around the Z axis as we found in the 
experiments, it is possible to simplify the 3-D fracture plane rotation problem to a 2-D 
crack propagation problem in the local X and Y plane as shown in Fig. 3.7b. In order to 
determine fracture toughness of the fracture planes in the case of rotation from pre-crack 
planes in a mixed mode loading condition, it is essential to express the Mode I stress 
intensity factor as a function of the crack deflection angle (the same as the crack plane 
rotation angle). With reference to a polar system of coordinates centered at the tip of a 
crack, a model for the circumferential stress is: 57, 58 
𝜎𝜃𝜃 = 𝐾I(𝜃 = 0)
√2𝜋𝑟 𝑅𝑒[𝐴(𝑠1𝐵 − 𝑠2𝐶)] + 𝐾II(𝜃 = 0)√2𝜋𝑟 𝑅𝑒[𝐴(𝐵 − 𝐶)] 
𝐴 = 1
𝑚1 −𝑚2
 
𝐵 = (𝑚2 sinθ+ cosθ)3 2⁄  
𝐶 = (𝑚1 sinθ+ cosθ)3 2⁄                                                                                                                    (3.8) 
Parameters s1 and s2 are two complex roots of the following characteristic equation  
𝑠11𝑚
4 − 2𝑠16𝑚3 + (2𝑠12 + 𝑠66)𝑚2 − 2𝑠26𝑚 + 𝑠22 = 0                                                        (3.9) 
where sij are the elastic compliance coefficients with reference to the local coordinate 
system of the crack. The m1 and m2 terms are the complex parameters regarded as 
numbers characterizing the degree of anisotropy. KI(θ) can be obtained by the following 
equation using the real (Re) parts of the m1 and m2 terms: 
𝐾I(𝜃) = √2𝜋𝑟𝜎𝜃𝜃 =  𝐾I(0)𝑅𝑒[𝐴(m1𝐵 − m2𝐶)] + 𝐾II(0)𝑅𝑒[𝐴(𝐵 − 𝐶)]                             (3.10) 
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Thus, the dependence of KI on crack plane rotation angle for each specimen can be 
calculated and the fracture toughness KIC can be calculated for failure on a plane of any 
given rotation angle. The maximum tensile stress theory assumes that KI is the only 
driving force for the crack growth, so it is helpful to understand how the KI value changes 
with the fracture plane rotation angle θ. The resulting KI(θ)/KI(0) ratios as a function of 
fracture plane rotation angle θ for different orientations are shown in Fig. 3.8. Due to the 
positive value of KII that exists for a surface crack in a bent cantilever, the maximum KI is 
not at θ=0 (the plane perpendicular to the beam axis); instead, the rotation angles 
corresponding to the maximum KI are all negative values. This trend matches the 
negative angle fracture plane rotation observed in the experiment shown in Fig. 3.7a, 
and in all of the other cases discussed in Chapter 4 in which a non-zero θ value was 
observed. Two examples are given for two different materials, one with degree of 
anisotropy smaller than 1 (SnTe Δ=0.21) and the other with Δ greater than 1 (Cu Δ=3.21) 
as summarized in Fig. 3.8. From the examples, it can be seen that the dependence of KI 
on the deflection angle is different for cubic materials with different degrees of anisotropy 
and for different orientations of a given material. However, the maximum KI is always 
found at θ<0. This analysis will make it possible to calculate the actual KI values for the 
experiments described in Chapter 4. 
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Figure 3.8 Stress intensity factor KI(θ)/KI(0) ratio as a function of crack plane rotation 
angle for materials with different degree of anisotropy (a) SnTe (Δ=0.21) and (b) Cu 
(Δ=3.21). Angle θ is defined in Fig. 3.7. The maximum KI is found for a negative value of 
θ and the variation of KI is small for rotation angles within approximately ± 10° of the 
maximum. 
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3.5 Conclusions and proposed future work 
 A systematic study to calculate the influence of anisotropy on the stress intensity factors 
for cantilever beam tests in single crystals was presented. Five representative crystal 
orientations were selected for the finite element analysis. Three dimensional anisotropic 
finite element analyses showed a mixed mode loading condition, and up to about a 10% 
difference in Mode I SIFs and a 50% difference in strain energy release rate were found 
by changing orientations in the case of spinel. In addition, materials with different 
degrees of anisotropy were studied and it was found that specimens with more 
compliant orientations would generally have higher stress intensity factors and strain 
energy release rate than those with less compliant orientations under a constant stress 
loading condition. The equations to calculate the stress intensity factors of different 
geometric configurations were determined by the finite element analysis for different 
specimen orientations. With the help of the method, fracture toughness of {100} fracture 
in spinel single crystal was determined by micro-scale cantilever deflection tests and it 
was in very good agreement with results obtained from macro-scale tests. It proves the 
reliability and efficiency of this method. In addition, Mode I stress intensity factors as a 
function of crack deflection angle were determined by a circumferential stress model. 
This study shows a comprehensive and detailed process of how to employ finite element 
analysis to model cantilever beam deflection tests in single crystals. 
In the future, the finite element method could be further developed to calculate stress 
intensity factors of a single grain boundary with defined misorientations on either side. 
As there is difference in elastic modulus on both side of the grain boundary, it will be 
very valuable to understand how much additional stress intensity factors will be imposed 
as compared with the single crystal case due to the elastic constant mismatch. Also, that 
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would make it possible to obtain the absolute value of fracture toughness of a single bi-
crystal boundary in the future. Currently, the capability to evaluate the effect of different 
orientations on the two sides of a boundary is not available in FRAC3D. 
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Chapter 4.   Fracture toughness testing of 
spinel single crystal micro-cantilevers 
4.1 Introduction and background 
With the comprehensive modeling of the stress intensity factors in Chapter 3, we have a 
sufficient understanding of the Micro-cantilever Deflection test to proceed with the 
experimental investigation into the fracture behavior of single crystals. This work will not 
only help us to understand the nature of the fracture behaviors in single crystals but also 
provides us a simple way to estimate the validity of the micro-scale technique. The 
specific goals of this study therefore are: (1) Measuring the apparent fracture toughness 
and strain energy release rate of spinel samples with distinct crystalline orientations; (2) 
Calculating fracture toughness of the actual fracture planes when the crack is deflected 
a certain angle from the nominal fracture plane; (3) Correlating the crack deflection with 
the different fracture toughness of different crystalline planes. Before discussing the test 
conditions and results, however, it is very helpful for us to have an overview of the 
background associated with micro-cantilever testing.  
 
4.1.1 Previous studies in micro-cantilever deflection test technique 
The Micro-cantilever Deflection test method has been used to determine various 
mechanical properties such as Young’s modulus and fracture toughness36-38, 63. Specific 
examples include pre-notched micro-cantilever samples for testing of SiO2/metal 
interfaces37, 38, as well as single crystals such as tungsten64, silicon39, 40, 52 and NiAl53. 
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While most of these reports mention little about the anisotropic fracture behavior of the 
single crystals involved, the study of NiAl includes in-situ Micro-cantilever Deflection 
tests of “hard” and “soft” orientations in the NiAl single crystal specimens, associating 
the orientations with different fracture toughness values. However, the NiAl fracture 
toughness calculation is based on a 2-D isotropic model, which may not reflect the true 
underlying anisotropic fracture behavior. Also, orientation dependent fracture plane 
characteristics were not discussed since the NiAl fractured by a ductile mechanism 
rather than cleavage. For certain classes of materials, elastic anisotropy and anisotropic 
cleavage may play critical roles in the fracture process; in these materials, fracture 
toughness calculations based on overly simplified isotropic assumptions may not be 
adequate for accurate characterization of fracture behavior.  
As mentioned in last chapter, Ingel and Lewis addressed issues of elastic anisotropy in 
the fracture of single crystal materials for the first time in 198843 and Rice correlated 
elastic anisotropy with mechanical properties in ceramics in 199444. Azhdari and Nemat-
Nasser successfully characterize the fracture behavior of sapphire at the macro scale in 
1998 by anistropic finite element analysis45, 46. These studies provided the framework 
needed to fully analyze the behavior of brittle single crystal materials. In the last chapter, 
we presented the methods and results of systematic anisotropic finite element analysis 
for the Micro-cantilever Deflection test in single crystals, so we are now well prepared to 
perform the tests in single crystal spinel with different orientations. 
In order to investigate the influence of anisotropy on the fracture toughness and fracture 
behavior of single crystals at micron length scales, a systematic study of the mechanical 
properties of single crystal specimens with different orientations would be very valuable. 
It not only provides useful information about the mechanical properties of single crystal 
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spinel but also sheds lights on the prediction of anistropic fracture behaviors (such as 
fracture load, crack deflection angle and actual fracture planes) in other single crystal 
materials.  
 
4.1.2 Previous studies of spinel single crystal fracture behavior 
As mentioned in the first chapter, magnesium aluminate spinel (MgAl2O4) is a ceramic 
system that has received significant scientific and industrial interest due to a combination 
of very high strength and the transmission of both visible and near-IR light65, 66. The 
fracture behavior of spinel is of particular importance because many of its potential 
applications—including spacecraft windows, sensor domes, and transparent armor—
require a high degree of resistance to failure. Improvements in fracture resistance would 
lead to higher reliability and also the ability to use less material, thereby decreasing 
weight. Advanced design of spinel materials and fabrication processes requires a 
mechanistic understanding of failure processes occurring at the atomic, microscopic, 
and macroscopic scales. While there has been significant study of spinel fracture at the 
macroscopic scale62, 67-70, much less is known about fracture at the microscopic scale at 
which individual grain behavior dominates. As discussed in Chapter 3, a feature of spinel 
that makes single grain fracture analysis challenging is the anisotropy inherently present 
in the behavior of spinel single crystals. Anisotropy is manifested in terms of elastic 
behavior and also preferred crystallographic fracture planes.  
Spinel exhibits a relatively high degree of elastic anisotropy for a cubic material. One 
measure of this is the ratio of the anisotropic elastic constants, 2(S11-S12)/S44, or the ratio 
of the uniaxial elastic modulus along the <111> and <100> directions, E111/E100. These 
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factors are approximately 2.425 and 2.133, respectively, for spinel. They are large 
compared to the values for other common cubic ceramic materials such as 3C silicon 
carbide (2.233, 1.915), magnesium oxide (1.534, 1.404), and titanium carbide (0.877, 
0.901)60. Elastic anisotropy can be important when analyzing the fracture of brittle single 
crystal materials because the crack tip stress field is no longer just a function of the 
stress intensity factor55. In the anisotropic case, the crack tip stress magnitude and 
distribution are functions of the elastic constants and the orientation of the crack plane 
relative to the principal elasticity axes. One consequence of this is that a degree of Mode 
II displacement (i.e., sliding) can be induced at a crack tip even in cases for which the 
applied load appears to induce pure Mode I displacement (i.e., opening). This, in turn, 
can cause the crack extension path to deviate from that predicted by an isotropic 
analysis. For spinel, this can occur whenever the crack plane fails to align with one of 
the unit cell symmetry planes. 
Further complicating matters, certain spinel crystallographic planes are more susceptible 
to fracture than others, and therefore spinel can be said to have preferred 
crystallographic cleavage planes. This is a common feature of many brittle single crystal 
ionically- and covalently-bonded solids (although not all such materials have well defined 
cleavage planes) 67 . The fracture toughness of three representative planes, i.e., {100}, 
{110}, {111}, has been measured in spinel single crystals using different macroscopic62, 
67-70 testing methods as summarized in Table 4.1. However, there are large 
discrepancies in the reported fracture toughness values. Some of the differences may be 
due to differences in test method or material preparation, but it is also possible that the 
use of isotropic fracture mechanics with spinel—a material with significant anisotropic 
elasticity—may have contributed. Also, as shown in Fig. 4.1, the samples after the 
macro-scale test often show very rough surface morphology which adds difficulty to 
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understanding the crack deflection mechanisms. This provides the motivation to develop 
a test and analysis approach that takes into account elastic anisotropy and potential 
cleavage plane differences in order to assess the influence of such factors on the 
fracture toughness evaluation of spinel single crystals. 
Table 4.1 Comparison of spinel KIC values measured by different methods for specimens 
of different crystallographic orientations62. 
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Figure 4.1 Examples of the fracture morphologies for spinel crystals of various tensile 
surfaces and orientations as indicated62. 
 
In 1977, Mishra and Thomas71 suggested that the {111} planes of spinel were the lowest 
surface energy planes. This implies that the {111} planes should be the preferred 
cleavage fracture planes. However, the actual observed cleavage planes are {100}. 
Recently, the fracture toughness is more widely considered than the surface energy as a 
criterion for the cleavage. So cleavage usually occurs at planes with lowest fracture 
toughness which is usually referred to as ‘cleavage toughness’69. In previous studies, 
{100} cleavage has been confirmed experimentally, and the {100} plane is usually found 
to have the lowest fracture toughness in spinel single crystals (KIC=0.8-1.5 MPa√m) as 
summarized by Rice, et al.62. In many other studies, it has been observed that even 
when {110} and {111} planes were chosen to be perpendicular to the tensile loading axis, 
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the propagating crack would rotate towards the {100} fracture plane62, 70, 72. In these 
cases, the measured fracture toughness should take into account the fracture plane 
rotation angle, greatly complicating the determination of KIC. This may also partially 
account for the large discrepancies in reported fracture toughness values for {110} 
tensile plane fracture specimens (KIC between 1.0-1.9 MPa√m) as none of the previous 
reports include any consideration of the crack deflection62. One of the main purposes of 
this study is to more rigorously include the anisotropic stress state in the determination 
of fracture toughness on specific cleavage planes in the single crystal spinal. 
In this study, micro-cantilever beams were used to investigate orientation dependent 
fracture behavior and fracture toughness in spinel single crystals. Spinal single crystals 
are particularly suitable for characterization of orientation dependent fracture behavior, 
since spinel is a brittle ceramic material that usually exhibits linear elastic fracture 
resulting in smooth fracture surfaces. In an effort to accurately quantify the observed 
fracture behavior, three dimensional anisotropic finite element analyses were carried out 
using specialized FEM software (FRAC3D)55, 56 to determine the anisotropic stress 
intensity factors under general 3-D anisotropic conditions with respect to crystal 
orientation. This approach was discussed in Chapter 3. Using the results of those 
analyses, the relationship between fracture parameters and anisotropic elastic properties 
can be accurately evaluated by comparing experimental observations and finite element 
simulation results. Of particular importance for calculating accurate toughness values 
when a crack follows a path other than on the intended fracture plane, equations 
obtained from the “maximum tensile stress” criterion for mixed-mode crack propagation 
can be used to determine fracture toughness values for cleavage fracture on planes that 
are rotated at measured angles from the initial pre-notched planes. 
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4.2 Experimental 
4.2.1 Specimen preparation 
Polished single crystal spinel wafers with {100} and {110} surface orientations were 
cross-sectioned with a diamond saw such that each cut was parallel to a known 
crystallographic direction in the plane of the wafer. The crystal orientations were 
confirmed by Electron Backscatter Diffraction (EBSD) in a HITACHI 4300 Scanning 
Electron Microscopy (SEM) prior to further sample preparation. The exposed cross-
section surface of each specimen was then ground and polished using diamond grit to 
create a flat face perpendicular to the top surface. Cantilever specimens were fabricated 
on the top surface near the resulting sharp edge using an FEI Strata DB 235 Focused 
Ion Beam (FIB) milling instrument. Initial cuts were made using a 30 KV Ga+ ion beam at 
a current of 7 nA, followed by lower current milling at 3 nA and 1 nA to reduce beam-
induced surface damage. The milling process was completed using a low current ion 
polishing step at 500 pA to reduce surface roughness and to further remove prior beam 
damage.  
Two steps were involved in creating each cantilever beam specimen. In the first step, 
three trenches were made on the top face to define the length and width of the cantilever, 
as shown in Fig. 4.2a. In the second step, the spinel specimen was rotated 90° and a 
rectangular region on the cross-section face was milled away to separate the underside 
of the cantilever from the wafer. This step also defined the beam thickness. The nominal 
dimensions of the beams were length L=12 μm, width B=3 μm, and thickness W=3 μm. 
A representative micro-cantilever beam is shown in Figure 4.2b and a lower 
magnification image of the cantilever location is shown in Figure 4.2c. This process 
resulted in a set of cantilever beams with known crystallographic orientations normal to 
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the top surface and along the beam axis. Matching the convention used in Chapter 3, 
the notation used henceforth in this chapter for the geometric orientation is {intended 
fracture plane}<intended crack growth direction>. Because spinel is a cubic material, the 
crystallographic direction normal to the surface plane corresponds to the intended crack 
growth direction. Five specimen orientations were selected: {100}<100>, {100}<110>, 
{110}<100>, {110}<110> and {111}<110>. These specimens represented all three of the 
most widely investigated nominal fracture planes—the {100}, {110}, and {111}—and also 
two different nominal growth directions that are found on one or more of those planes, 
the <100> and the <110>. 
 
Figure 4.2 Sample micro-cantilever beam preparation using FIB. (a) The beam width is 
established and registration markers are milled, (b) the beam is undercut to define the 
thickness, and c) the finished beam is located at the edge of the single crystal substrate. 
Other features are also visible, like the pre-notch on the top surface that terminates at 
two thin bridges on the beam sidewalls. 
 
A shallow registration mark was milled into the top surface of each beam at the position 
where the tip of the mechanical test instrument should make contact to ensure a 
consistent effective beam length, L. Such a mark is seen on the left end of the cantilever 
in Figure 4.2b. A deep notch was then milled into the top surface at a consistent distance 
from the registration mark using an ion beam at a low current of 50 pA. The intended 
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notch depth, a, was one third to one half of the beam thickness, W. As seen in Figures 
4.2a and 4.2c, thin bridges of about 100nm thickness were left at both ends of the notch 
rather than extending the cut over the full width of the cantilever. This partial notching 
procedure avoided uneven FIB milling at the sides of the beam and created a straight 
notch tip. In order to create a full-width crack, each beam was bent under a load too 
small to fracture the entire beam but sufficient to crack the bridges. Successful full bridge 
cracking was evaluated by analyzing the load-deflection slope change that occurred at 
the cracking event and comparing it to a finite element simulation. Similar milling and 
pre-cracking conditions have been shown to result in “sharp” crack fracture behavior in 
prior studies37, 38, 63. 
 
Figure 4.3 (a) The beginning of an in-situ micro-cantilever beam deflection test using 
an SEM picoindenter system in a {100}<100> specimen; (b) fracture occurs and the test 
is terminated.  
 
The fracture tests were carried out in the FEI FIB/SEM using a Hysitron PI-85 in-situ 
nanomechanical test system. The transducer is capable of resolving sub-μN magnitude 
forces and nm displacements. A doped conical diamond indenter tip with a spherical tip 
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radius of ~1 μm was used to avoid excessive indention during the test. The tip was 
specially shaped to allow a clear view of the contact location, as shown in Figure 4.3. 
Testing was performed under load control with a loading rate of 5 μN/s. 
 
4.2.2 SEM characterization 
The geometric dimensions of the cantilever beam were measured in a Hitachi 4300 SEM 
prior to the test. The accelerating voltage was 10 KeV and the working distance was 
15mm. After the test, the crack length and the fracture surface morphology were 
measured in Carl Zeiss LEO 1550 SEM at 10 KeV and a working distance of 15mm 
using a 90° holder that is convenient for characterizing the sample from the side view. 
 
4.2.3 Evaluation of fracture test results 
In order to obtain meaningful average fracture toughness values, 6-10 specimens were 
tested for each of the 5 crystallographic orientations. Linear elastic fracture behavior was 
assumed. The criterion for measurement of a plane strain fracture toughness value is 
given by ASTM standard E399 as 
a > �KIC
σys
�
2
                                                                                                                     (4.1) 
where a is the notch depth, KIC the measured fracture toughness, and σys is the 
material’s yield stress. Since spinel is usually considered to be an ideal brittle material 
and showed no evidence of plasticity in any of the tests, the plastic zone size at the 
crack tip is negligible and plane strain conditions prevail. The plane strain fracture 
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toughness of a cantilever beam made of an isotropic material, KIC(iso), can be 
conveniently written in the form shown in equation 3.6 and 3.752. These equations also 
show that for an anisotropic material, the fracture toughness KIC(ani) can be calculated 
by multiplying the KIC(iso) value by a correction factor M{hkl}<uvw> that depends on the 
material properties and the specific crystal orientations of the specimen. The details of 
the finite element analysis were given in the last chapter, and the resulting correction 
factors for spinel are summarized here in graphical form in Fig. 4.4. 
 
Figure 4.4 Difference of KI{uvw}<hkl> of anisotropic cases from the isotropic case. 
 
4.2.3 Sharp pre-notch generation and beam behavior prior to fracture 
The intact ligaments at the ends of the pre-notch fracture to form a full-width crack at a 
load lower than the load needed to fracture the entire beam. This is implied by the in-situ 
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SEM images shown in figures 4.5c-e that show evidence of a sidewall ligament crack as 
long as the FIB-milled notch depth. This conclusion is also supported by a change in the 
slope measurable prior to complete failure.  
 
Figure 4.5 (a) In-situ micro-cantilever beam deflection test using an SEM picoindenter 
system; (b) fracture occurs and the test is terminated; (c) intact ligament before the test; 
(d) indication of ligament crack propagation before the final fracture; (e) ligament after 
the final fracture. 
 
4.3 Experimental results 
4.3.1 Uniform crack initialization by ligament fracture process 
In order to confirm complete ligament cracking, 3-D finite element analysis was 
performed using ANSYS to determine the slope changes of the load and displacement 
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curve with and without intact ligaments, as shown in Fig. 4.6a and Fig. 4.6b. Two 
different notch depths were modeled. In the simulations, the cantilever beam was loaded 
with a chosen load and the resulting displacement was obtained for each beam. By 
comparing displacement changes with and without the presence of the ligaments, the 
slope change of the load and displacement curve was derived, as shown in Fig. 4.6c. 
The experimental measurements of the slope change are also plotted. The comparison 
shows very good agreement with the simulated results shown in Fig. 4.6c. It is found that 
the slope change due to the ligament fracture is a function of the ratios of crack length a 
versus beam thickness B as shown in Fig 4.6c. So it even provides an alternative way to 
estimate the notch depth without involving a post-mortem SEM measurement. 
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Figure 4.6 Finite element models of a cantilever beam (a) with ligaments and (b) without 
ligaments. (c) The difference between the load-displacement slope of the two cases 
matches very well with measured slope changes. 
 
4.3.2 Fracture tests and determination of anisotropic fracture 
toughness 
Figure 4.7 shows a measured force-displacement curve generated during fracture of a 
spinel single crystal specimen with {100}<100> orientation. All other test results look 
similar. Once contact between the indenter tip and the beam is fully established, there is 
a linear elastic loading segment to approximately 226 nm. An abrupt change in slope at 
226 nm displacement (load ~ 313 μN) indicates successful fracturing of one of the notch 
sidewall ligament, followed by a fracture of the other ligament at 250 nm (load ~ 328 μN), 
thereby completing the notching process begun in the FIB. The change in slope matches 
very well with that predicted by finite element simulations of uncracked and fully cracked 
bridges. In further support of the complete cracking assumption, it was found that tests 
with a clear slope change in the measured data prior to beam failure resulted in lower 
fracture toughness values than tests that showed no such slope change.  
Samples without the slope change also usually demonstrated relatively rough fracture 
surfaces or, on occasion, fracture occurrence outside the pre-notch region. We therefore 
interpret the slope change as a key point for identifying a valid test. After pre-cracking, 
the behavior of the fully notched beam shown in Figure 4.7 is linear elastic to a 
displacement of approximately 325 nm (load ~391 μN), at which point brittle fracture of 
the beam occurs. The load and displacement curve exhibits ideal linear elastic fracture 
behavior throughout. Beams that were unloaded prior to failure showed no hysteresis, so 
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negligible plastic indentation of the beam surface occurred and therefore no correction 
was needed to account for the blunt tip sinking into the spinel surface.  
 
Figure 4.7 The solid line is a typical experimental load and displacement curve showing 
ideal elastic fracture behavior of a spinel single crystal specimen with {100}<100> 
orientation. A sudden jump in displacement at a load of approximately 313 and 329 µN is 
associated with cracking of the notch sidewall ligaments. A slope change is evident after 
the pre-cracking event. The dashed line is a linear extrapolation of the initial loading 
curve that shows the expected slope without ligament cracking. 
 
The depths of the notches were measured after fracture in the SEM. They ranged from 
0.6 μm to 1.5 μm so the actual ratio of notch depth versus beam thickness, a/W, was 
between 0.2 and 0.5 as originally intended. Notch cross-sections revealed that the notch 
tip radius was typically on the order of 10-20 nm, a size that has been shown to result in 
a fracture toughness error of less than 3% in spinel beams of these dimensions73, 74. 
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4.3.3 Orientation-dependent fracture behavior 
As noted previously, the notch in a specimen designated as {hkl}<uvw> was designed to 
generate a crack in the <uvw> direction along a {hkl} plane. Among the five specimen 
orientations, the notches were always aligned with one of three distinct low index {hkl} 
fracture planes: {100}, {110}, or {111}. For the {100} and {110} notch plane cases, two 
distinct crack propagation directions were chosen: <100> and <110>. This allowed 
measurement of two different crack propagation directions on a certain fracture plane. 
Representative SEM images of the beams after testing are shown in Fig. 4.8. The initial 
crack length, a, and the straight bottom of the original FIB notch are visible features on 
each fracture surface even at low magnification. The crack propagation angle (top row) 
and fracture surface appearance (bottom row) are seen to depend strongly on crystal 
orientation relative to the beam axis and notch plane. Figures 4.8a and 4.8b show that 
{100}<100> and {100}<110> specimens fracture along a {100} plane perpendicular to 
the tensile axis of the cantilever beam, as expected. Fig. 4.8c demonstrates that the 
fracture surface of {110}<100> specimens shows a small angle of rotation back towards 
the root of the beam from the pre-notch plane. If we define counter-clockwise rotation as 
positive, as shown in figure 4.9, the rotation angle is close to -12°. In Fig. 4.8d, the 
rotation angle of the fracture plane in a {110}<110> beam is found to be about -35° from 
the perpendicular. In Fig. 4.8e, the fracture surface also demonstrates a small angle of 
rotation (-16°) from the perpendicular. In all cases of non-perpendicular crack 
propagation, the majority of the fracture plane is rotated toward the root of the cantilever. 
In many cases, the fracture surface curls back to a positive angle as it approaches the 
opposite side of the specimen; this appearance is consistent with the development of 
“cantilever curl” in the final stage of crack propagation, and is a well known feature for 
failure of brittle specimens in bending72. 
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Figure 4.8 Crack propagation angle (top) and fracture surface (bottom) characters of 
specimens with different crystal orientations in single crystal spinel: a {100}<100>, b 
{100}<110>, c {110}<100> , d {110}<110> , e {111}<110>. 
 
 
Figure 4.9 A propagating crack with deflection angle θ in a local x, y coordinate system 
defined by the beam axes. 
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4.4 Discussion 
The dimensionless geometric factor f(a/W) from equation 3.6 was determined for an 
isotropic cantilever beam of ratio 12:3:3 from FRAC-3D calculations of the stress 
intensity factor, KI, for elastic loading to a chosen applied stress level. This isotropic 
elastic behavior was analyzed assuming a fracture plane perpendicular to the beam axis 
and three different notch depths of 0.5 μm, 1 μm and 1.5 μm, corresponding to a/W 
ratios of 0.167, 0.333, and 0.500, respectively. Over this range, we determined the 
f(a/W) expression by fitting a polynomial expression to our 3-D FEM simulations 39, 40, 52. 
Equation 3.6 fits well with the simulation results for 0.167 < a/W < 0.5, B/W = 1, and 2 < 
L/W < 4. 
The anisotropic correction factor M{hkl}<uvw> was derived by comparing KI from the 
isotropic finite element analysis to KI from an anisotropic FRAC3D analysis for each of 
the 5 specimen orientations shown in the Chapter 3. It would have been possible to 
simply fit a different polynomial to each anisotropic case, thereby creating five different 
f(a/W) expressions, but there is additional insight gained by identifying the deviation from 
isotropic behavior through the use of M{hkl}<uvw> values (summarized in Table 3.4).  
Using the correction factors, the nominal Mode I fracture toughness values for the five 
different orientations were calculated by combining equations 3.6 and 3.7. The results 
are shown in Table 4.2 assuming that crack propagation is on the {hkl} plane 
perpendicular to the beam axis, even though we know this not to be true for all of the 
cases studied. It is found that the {111}<110> spinel cantilever specimens have the 
largest nominal fracture toughness while the {100}<100> and {100}<110> specimens 
have the smallest nominal fracture toughness values. These results are not surprising 
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since the {100} planes are commonly observed cleavage planes in spinel that have been 
reported to have the lowest fracture toughness69, 70. 
In addition to KI, the strain energy release rate, G, is determined by the FRAC3D code 
by assuming self-similar crack growth. The finite element code can therefore be used to 
determine a critical strain energy release rate corresponding to the critical fracture 
toughness. Interestingly, a comparison of critical strain energy release rate for the 
experimental cases tells a slightly different story than the fracture toughness comparison. 
The {100} fracture plane cases have the lowest GIC values, as expected, because GIC ∝ 
K2IC. However, whereas the KIC values for the fracture on {100} planes in the <100> and 
the <110> directions are indistinguishable, the GIC values show that the difference in 
elastic anisotropy associated with the two specimen orientations leads to different strain 
energy release rates, with the higher rate for crack propagation in the <100> direction. 
The same is true for the two cases of fracture on {110} planes. Thus it is possible to 
have two different fracture energies for the same fracture plane when elastic anisotropy 
plays a role. 
Table 4.2 Fracture toughness KIC and critical strain energy release rate GIC for 
specimens with different sample orientations assuming self-similar crack growth. The 
true crack growth path is shown as rotation angle θ. 
 
However, the results reported in Table 4.2 assume that every crack grows perpendicular 
to the tensile axis whereas Figure 4.8 shows that this is only the case for fracture on the 
{100} plane. Thus the nominal KIC and GIC values given for the {100}<100> and 
 {100}<100> {100}<110> {110}<100> {110}<110> {111}<110> 
Nominal KIc (MPa m
-1/2) 1.3±0.5 1.3±0.5 1.8±0.5 1.8±0.5 2±0.5 
Strain energy release rate 
G (J/m2) 
4.27 3.82 8.87 6.08 8.02 
θ, Fracture plane rotation 
angles/o 
0 0 -12±1 -35±3 -16±1 
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{100}<110> specimens are correct. The average fracture toughness value of 1.3±0.5 
MPa m-1/2 is in good agreement with previously published macroscopic results that range 
from 0.8 to 1.5 MPa m-1/2 62 . However, the {110}<100>, {110}<110>, and {111}<110> 
specimens did not fracture along the plane perpendicular to the beam axis, so the actual 
fracture toughness values of the {110} and {111} fracture planes are not as same as the 
nominal fracture toughnesses of these specimens as determined using the analytical 
expression for KIC. To our knowledge, the strain energy release rate values G are not 
mentioned in previous studies, so the comparison is not available here. 
The average fracture plane rotation angles for the {110}<100>, {110}<110> and 
{111}<110> specimens have been determined as approximately -12o , -35o, and -16o, 
respectively, as shown in Figures 4.8c and 4.8d, and as reported in Table 4.2. To obtain 
actual fracture toughness values for the {110} and {111} fracture planes, the angular 
variation of the stress intensity factor KI must be determined. Since the {110} or {111} 
fracture plane rotation for these particular specimen orientations is always around the Z 
axis, as defined in Figure 4.9, it is possible to simplify the 3-D fracture plane rotation 
problem to a 2-D crack propagation problem in the local X and Y plane. The dependence 
of KI on crack plane rotation angle for each specimen can be calculated using FRAC3D 
and then the fracture toughness KIC can be determined for failure on a plane of any 
given rotation angle by assuming that the maximum tensile stress theory applies (i.e., 
that failure is due to the resolved tensile stress on any particular plane)57, 58. The 
resulting KI(θ)/KI(0) ratio as a function of fracture plane rotation angle for the range of 
θ=-50° to +50° is shown in Fig. 4.10. Due to the positive value of KII that exists for a 
surface crack in a bent cantilever, the maximum KI is not at θ=0 (the plane perpendicular 
to the beam axis); instead, the maximum KI is found for θ<0 in all cases. This trend 
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matches the negative angle fracture plane rotation observed in the experiments for the 
<hkl>{110} and the <hkl>{111} specimens.  
83 
 
 
Figure 4.10 Stress intensity factor ratio KI(θ)/KI(0) as a function of crack plane rotation 
angle. Angle θ is defined in Figure 4.9. The maximum KI is found for negative values of θ 
and the variation of KI is small for rotation angles within approximately ± 10° of the 
maximum. The isotropic case is shown as a dashed line for comparison with the five 
anisotropic cases. The actual fracture angles for several specimens are marked with 
vertical dotted lines. 
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Figure 4.11 Schematic diagrams of fracture planes of specimens with different 
crystallographic orientations: (a) {100}<100>, (b) {100}<110>, (c) {110}<100>, (d) 
{110}<110>, and (e) {111}<110>. The edge of the actual fracture plane is shown as a 
dashed line in each figure. Nearby low index planes are depicted with solid lines. 
 
The five specimen orientations and corresponding fracture planes (actual and ideal) are 
shown schematically in Figure 8. The {100}<100> and {100}<110> specimens fractured 
on the {100} planes as seen in Figures 4.11a and 4.11b, so the fracture occurred at θ=0 
as depicted in Figures 4.9a and 4.9b. In the {100}<100> specimen the closest other low 
index plane that can be found by rotating in the negative direction around the Z axis is 
the {110}, but it is 45° away and so the KI on that plane is less that 90% of the KI on the 
{100} plane for this configuration (as marked by a dashed line at 45° in Figure 4.11). 
Likewise, the {100}<110> specimen has a {111} plane at -55° from the {100} plane but its 
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KI value is less than 80% of the maximum. Thus it is easy to understand why failure 
occurred only on the {100} cleavage plane and not on any other low index plane. 
For the {110}<100> specimens depicted in Figure 8c, the experimental results show an 
average -12° deflection of the initial crack propagation. It can be seen in Figure 4.11 that 
the maximum KI falls at an angle of approximately -5° from the perpendicular plane, 
while KI(-12°)≈KI(0). This means that the real fracture toughness for this specimen is 
very close to the value calculated by assuming failure occurred on the 0° plane, but this 
is not the actual fracture toughness of the {110} plane; the actual {110} fracture 
toughness must be greater than the value of 1.8±0.5 MPa m-1/2 reported in Table 4.2. 
The same conclusion can be reached for the {111}<110> specimens, for which KIC of the 
0° fracture plane was determined to be about 2.0±0.5 MPa m-1/2. The actual fracture 
plane is found at about -16o rotation from the {111} plane, and KI(-16°) is only slightly 
lower than KI(0). Therefore we can reach the conclusion that KIC{111} > 2.0 MPa m-1/2. 
For {110}<110> orientation shown in Figure 8d, it is a different case. As the magnitude of 
crack deflection angle increases, the fracture plane approaches the {100} cleavage 
plane. Although the K(I) drops to about 88-90% of the maximum K(I) when the deflection 
angle is about -35° as shown in Fig. 4.8, the fracture occurs due to the decrease of the 
fracture toughness of corresponding planes. The fracture toughness of the plane about -
35° rotation from the {110} plane (+10° rotation from the {100} plane) is calculated to be 
about 1.5±0.5 Mpa-1/2 which is larger than the KIC{100} and must be smaller than KIC{110}. 
By comparing {110}<100> and {110}<110> specimens, it is also noted that even when 
the beam axes have the same direction, the difference in the cantilever beam surface 
orientation could result in different fracture behavior in the cantilever beam deflection test 
in single crystal brittle materials. 
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Assuming that fracture occurs on a specific crystallographic plane, which is not 
necessarily the case, the fracture toughness of the plane that is rotated by -12° from the 
{110} plane must have a smaller fracture toughness value than the {110} plane itself. For 
the {110}<100> orientation, if the magnitude of crack deflection angle is larger, the 
fracture plane is closer to a {111} plane. If—as suggested by Stewart68—the fracture 
toughness and the elastic modulus is positively correlated and the {111} plane has a 
much higher fracture toughness than {110} plane, the rotation of the fracture plane would 
not occur since {110} was supposed to be a local minimum of the fracture toughness. 
But this is not the case, which suggests that the plane -12° rotated from {110} has a 
lower fracture toughness value while it has a larger elastic modulus. Although it is still 
not clear that whether {110} or {111} has a larger KIC, it is at least safe to declare that 
{110} plane is not the easiest fracture plane when rotating from {110} to {111}. From the 
calculation, the fracture toughness of the plane about -12° rotation from the {110} plane 
(+23° rotation from {111} plane) is determined to be about 1.8±0.5 MPa m-1/2. 
 
4.5 Conclusions and proposed future work 
A systematic study designed to experimentally investigate the influence of anisotropy on 
spinel single crystal fracture behavior by using micron-scale cantilever tests was 
presented. Five representative crystal orientations were selected for the cantilever beam 
samples fabricated by a FIB milling technique. Different fracture characters such as 
fracture surface roughness and fracture plane rotation angles were observed and 
associated with the variations of both stress intensity factors and the fracture toughness 
values of different crystalline planes. It was found that it is very difficult to measure the 
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fracture toughness values of planes such of {110} and {111} that are not easy fracture 
planes in spinel as the crack would often choose an easier fracture plane on which to 
propagate. This calls into question the validity of published results that claim to report 
fracture toughness values for the {110} and {111} planes. 
The dependence of stress intensity factor KI on the crack deflection angles derived from 
maximum tensile stress theory for anisotropic materials was used to calculate fracture 
toughness values of any given fracture planes when crack deflection angle is measured. 
Fracture toughness results were found to be 1.3±0.5 MPa1/2, 1.5±0.5 MPa1/2, 1.8±0.5 
MPa1/2, 1.9±0.5 MPa for planes of {100}, 10o rotated from the {100} plane, -12o rotated 
from the {110} plane and -16o from {111} plane. 
In the future, more systematic work could be performed to investigate how the fracture 
toughness and strain energy release rate change with different orientations in spinel 
single crystals. Molecular dynamics (MD) simulation would be valuable to carry out, with 
the goal to associate the different surface energy with the strain energy release rate 
measured by the mechanical testing for different fracture planes. 
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Chapter 5.  Direct correlations between fracture 
toughness and spinel grain boundary 
segregation behavior 
5.1 Introduction and background 
In previous chapters, we successfully modeled the Micro-cantilever Deflection test with 
anisotropic finite element analysis and validated the test methods in single crystal spinel. 
In practice, spinel is rarely used in single crystal form. Large damage resistant windows, 
for example, are polycrystalline. Fabrication of such windows involves several steps. 
First, very fine, pure spinel powder must be produced. The size and quality of the 
powder particles depends on the needs of the subsequent processing steps, but typically 
spinel powder must be much finer than many other ceramic materials like aluminum 
oxide in order to sinter well. Such extremely fine powder requires a significant amount of 
densification to reach an optically transparent state. After mixing with organic additives, 
the powder is molded and pressed. The organic binder is burned off at a moderate 
temperature and then the component is pressed and sintered at high temperature. 
Sometimes hot isostatic pressing (HIP) is used as a final step to fully densify the material. 
If the spinel window is not fully dense the optical properties will be very poor because 
pores scatter light.  
It has been noted that the typical microstructure of fully dense spinel has a bimodal grain 
size distribution. Large grains may serve as stress concentrators, thereby limiting the 
strength of the material. It is known that additives that segregate to grain boundaries can 
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alter grain growth kinetics so there is some hope that a similar effect can be seen in 
spinel. In some cases, LiF is added to the powder to serve as a liquid phase sintering aid 
by wetting the particle boundaries during the sintering process. This brings down the 
cost of the fabrication process because the final HIP step can be shortened or eliminated, 
and improves the ability to reach a fully dense, transparent state. However, questions 
have arisen about possible negative effects of the LiF on the mechanical properties of 
the final polycrystalline spinel component. Even though the LiF is supposed to volatilize 
and evaporate during the high temperature processing, it may have some residual effect 
on the grain boundary structure and/or chemistry that has not yet been quantified. 
Despite the potential drawbacks and benefits associated with doping, the effects of grain 
boundary-segregating dopants on the mechanical behavior of spinel have not yet been 
systematically studied. The primary goal of this chapter, therefore, is to begin such a 
systematic study by examining one dopant, Yb, and comparing the behavior of doped 
boundaries to that of pure boundaries in otherwise identical spinel specimens.  
The approach taken in this work is to fabricate well-controlled bicrystal specimens with 
and without Yb. However, a certain amount of voiding or interface opening may be 
introduced in the bicrystal fabrication process. This could make it difficult to obtain 
reliable interface fracture toughness data from macro scale standard tests. In our case, 
SEM in-situ fracture toughness tests of microscale specimens will be an ideal choice as 
it allows us to locate interface regions of high quality to perform the test. In addition, any 
specimens made by bonding clean surfaces then diffusing in the dopant from the 
exterior will, by design, have composition and structure gradients. Complexion theory 
(discussed later in this chapter) predicts that the composition gradients will exist over 
long distances, but that constant composition and structure (corresponding to particular 
complexions) will exist over short distances. In this case, small fracture specimens will 
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be critical for ensuring constant structure and composition at the measured interface. 
Thus, association of fracture test data and STEM characterizations from a same grain 
boundary structure will be feasible. 
Before we apply this method to investigate how dopants can change the structure and 
mechanical behaviors of spinel, however, it will be very helpful to have a general 
overview of prior studies of grain boundary doping and mechanical behavior in other 
ceramic materials.  
 
5.1.1 Overview of previous study of the dopant segregation effect on 
mechanical properties of ceramics 
As mentioned before, dopants are found to be useful in ceramic sintering and grain 
growth. Also they will affect ceramic fracture toughness. Unfortunately, the information 
on the effect of chemical composition on the fracture toughness in spinel system is very 
limited. And some attempts to correlate the microstructural features to the fracture 
toughness testing results based on bulk samples were unsuccessful42. So it might be 
helpful to learn from research based on other ceramic systems such as silicon nitride 
(Si3N4) and alumina (Al2O3) as they may share some common features in the doping 
effect.  
Previously, studies of dopant effects on fracture toughness were usually carried out in 
bulk materials. Because the sintering dopants often simultaneously influence grain size, 
grain anisotropy, interfacial strength, and the sign and level of residual stresses in the 
intergranular phases, it is generally difficult to directly relate the compositions of the 
amorphous intergranular film (IGF) and bulk intergranular phases to the mechanical 
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behavior. Comparative study by changing only one variable has been difficult to achieve. 
With so many uncontrolled uncertainties, experiment results from different groups have 
discrepancies and they may not match simulation results based on some ideal models. 
The details summarized from previous studies will be discussed in the following two 
sections. 
 
5.1.2 Study in silicon nitride (Si3N4) systems 
Silicon nitride (Si3N4) is one of the most extensively investigated materials over the last 
two decades due to its high strength, high decomposition temperature, and good 
resistance to corrosive environments. Improvement of mechanical properties was 
reported after rare earth dopants were added during sintering of Si3N475-77. 
In 2004, A. Ziegler et al. obtained direct atomic resolution images to illustrate how a 
range of rare earth atoms bond to silicon nitride interfaces and then influence the 
mechanical behavior of the ceramics as shown in Fig. 5.177. It was found that the 
bonding of the rare earth elements atoms to the interface was determined by the atom 
size. Two specific atom sites (refer to A and B in Fig. 5.1) were found to bond with small 
rare earth atoms in a periodic pattern when the atom is small. With an increase in atom 
size, rare earth atoms were not able to bond in pairs at A and B sites and had to adopt a 
new single atom periodic bonding configuration. After the atom size further increased, no 
periodic or specific bonding would exist. Fracture was believed to be sensitive to these 
different bonding characteristics. However, no mechanical tests were presented to test 
this hypothesis.  
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Figure 5.1 STEM images of La-, Sm-, Er-, Yb-, and Lu-doped Si3N477. 
 
Other studies from different groups that do include mechanical experimental results have 
showed discrepancies of the dopant size effect. It was found by Satet et al. that the 
fracture toughness of rare earth element doped materials increased with increasing ionic 
radius of the cation while the fracture strength tended to decrease with increasing ionic 
radius78, 79. They correlated the toughening of long cracks with weaker grain boundary 
strengths due to the dopant segregation (Fig. 5.2a). They also observed debonding and 
pullout events occurring more frequently in the materials with larger RE3+. This result 
was contrary to the report by Tatarko etc.80, in which fracture toughness was found to 
decrease with increasing ionic radius of dopants (Fig. 5.2b). The conflicting results 
suggest that, due to the difference between preparation methods and processing 
methods, the same dopants applied to the same ceramic material may induce different 
final grain boundary structures and therefore exhibit different effects on fracture. 
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Figure 5.2 Fracture toughness and strength of Si3N4 ceramics as a function of the ionic 
radius of RE3+ measured by (a) Satet et al. 79  and (b) Tatarko et al.80. 
 
Besides the experiments, simulation is also another effective tool for exploring the 
mechanism of the doping effect. A recent molecular dynamics (MD) simulation of doped 
Si3N4 emphasized void formation as a dominant factor on the fracture behavior. A 1 nm 
IGF was found to show greater fracture stress than a 2 nm IGF as a consequence of 
much higher initial concentration of six-membered rings which was energetically more 
stable than smaller and larger rings81. Unfortunately, this result has not been correlated 
with any experimental observation yet. Also, simulations are often affected by their 
choice of models. For example, simulation using ab initio methods suggested the 
fracture under increased strain would start inside the IGF due to the lower bond density82. 
However, the simulation by a basal IGF model predicted that the fracture would initiate 
at the IGF and crystal interface83. 
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5.1.3 Study in alumina (Al2O3) systems 
Another popular system in previous studies is Al2O3. The doping effect on the 
mechanical properties of Al2O3 was also attributed to grain boundary segregation84, 85 . A 
SENB bending test was used to estimate the value of KIC and fracture energy in 
undoped and doped Al2O3 polycrystals as reported by Takigawa et al. in 199986 . The 
results are shown in Table 5.1. By employing EELS, changes in the chemical bonding 
state were found to be related to the different fracture energy of Al2O3 with different 
dopants. MgO doped Al2O3 shifts to the lower energy side in comparison with undoped 
grain boundaries, corresponding to weakening the chemical bonds and reducing the 
fracture energy. On the other hand, the peaks obtained from grain boundaries in Y2O3- 
and ZrO2-doped Al2O3 slightly shifted to the higher energy side, resulting in stronger 
chemical bonds and higher fracture energy.  
Table 5.1 Comparison of fracture energy estimated from KIC obtained in high-purity 
Al2O3, MgO-doped Al2O3, Y2O3-doped Al2O3 and ZrO2-doped Al2O386. 
 
As the bending test was done at 400 °C to ensure the perfect intergranular fracture, it is 
not necessarily representative of a room temperature fracture process. Also, the 
contribution of grain size resulting from different dopants was not considered. Amutha 
Rani et al.87 did some work to investigate the effect of rare-earth dopants on mechanical 
properties of alumina at room temperature. The higher strength and more transgranular 
fracture were attributed to the grain size reduction resulting from the doping, not from the 
bonding strengthening.  
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A recent publication seems to contradict previous results insofar as they found all rare 
earth dopants resulted in an increased proportion of intergranular fracture relative to the 
undoped materials with similar grain size26, as shown in Fig. 5.3. They suggested that 
grain boundary segregation not only reduced grain boundary energy but also surface 
free energy27. The reduction of surface free energy was dominant, thus the total effect 
showed reductions of the Gibbs energy which favored intergranular failure. 
 
Figure 5.3 A graph showing the percentage of transgranular fracture (PTF) against grain 
size for undoped and RE (La, Gd and Yb)-doped aluminas. It was not possible to hot 
press very fine-grained (i.e. grain size <0.8 µm) undoped samples to near-transparency 
so a sinter-HIP sample prepared from the same powder was used instead88.  
 
As the studies in the polycrystalline bulk materials have led to a lot of confusion, bi-
crystal specimens may be considered as a better alternative approach to study the 
influence of dopants on the grain boundary fracture toughness. With a well defined 
configuration, these geometry uncertainties can be minimized. Also, these traditional 
grain boundary theories based on misorientation or coincidence site lattice (CSL) 
depictions seem inadequate to explain these different mechanical behaviors with 
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different dopants and doping condition. A new concept known as ‘grain boundary 
complexion’ may be useful to better understand the doping effect. 
 
5.1.4 Grain boundary ‘complexion’ theory 
The role of grain boundaries in the processing and properties of materials has been a 
constant theme in materials science for many decades. In traditional concepts as 
described previously, to explain solute segregation, grain boundary structure and 
transport phenomenon, grain boundary energy and structure is often associated with 
misorientation of the grains around the boundary. The classic model characterizes a 
grain boundary by the degree of misorientation: low angle low-energy grain boundaries, 
high angle high-energy grain boundaries, and special so-called coincident site lattice 
(CSL) boundaries. In the light of this statement, grain misorientation is regarded as the 
dominant factor in determining grain boundary populations in polycrystals. Unfortunately, 
this theory has been insufficient for comprehending a number of important phenomena 
such as abnormal grain growth or grain boundary embrittlement, so they are often 
treated phenomenologically rather than mechanistically. Also, there are many 
inconsistencies in the literature which challenge the conventional wisdom and hierarchy 
sequence that grain misorientation dictates the boundary structure, boundary structure 
dictates the solute content, and their boundary structure governs the transport rate 
(mobility). 
In order to solve these problems, it is feasible to reverse the relative importance of 
boundary structure, in which the dopant type and content dictate the boundary structure 
and thus decide the material’s transport properties. The core of the new grain boundary 
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complexion theory is to treat grain boundaries as separate ‘phases’ stabilized by higher 
entropy, as first predicted by Prof. Kingery88. Although this idea was overlooked by 
researchers for decades due to the limitations of the available observational techniques, 
his contribution has been reexamined by scholars today89-91 and the grain boundary 
complexion theory is now being established gradually. In this theory, grain boundaries 
are treated as three dimensional phases that can transform to different phases 
(complexions) as a function of temperature, interfacial chemistry, stresses, and grain 
misorientation. It is assumed that the different transport kinetics and physical properties 
all stem from different kinds of complexions. 
A new theory or hypothesis needs to be confirmed by experimental observations; some 
significant progress has already been made in the kinetic study of grain boundary 
transport in alumina by S. J. Dillon and M. P. Harmer at Lehigh92. The grain boundary 
mobility of a number of dopants over a broad temperature range was measured, as 
summarized in Fig. 5.4. It is remarkable to note that all of the data points fell onto one of 
six different lines indicating six distinct types of kinetic behavior despite their different 
morphologies and microstructural evolution behavior. These are labeled type I through 
VI in the plot. 
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Figure 5.4 Summary of data for the product of grain boundary mobility and grain 
boundary energy for normal and abnormal grain growth in a number of doped 
aluminas92 . 
 
Grain-Boundary Complexion I corresponds to submonolayer adsorption of solute into the 
core of the grain boundary. The dopants segregate to the largest cation sites within the 
boundary and do not significantly affect the lattice sites of the surrounding ions27. Grain-
Boundary Complexion II is the ideally ‘‘clean’’ or intrinsic boundary. Grain-Boundary 
Complexion III shows bilayer adsorption of the dopant to the aluminum cation sites on 
the opposing faces of adjacent grains. Grain-Boundary Complexion IV is characterized 
by multilayer adsorption of the dopant onto three cation layers within the grain boundary 
(0.6 nm film). Grain-Boundary Complexion V exhibits an increased level of structural 
disorder with an amorphous IGF that is approximately 1.5 nm thick. Grain-Boundary 
Complexion VI represents true thermodynamic wetting with an intergranular amorphous 
film of arbitrary thickness. 
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Figure 5.5 Schematic representation of the structural ordering of different Dillon–Harmer 
grain-boundary complexions92. 
 
With assistance of the grain boundary complexion idea, a grain boundary doping effect 
can be attributed to a simple phase transformation process. Since experiment conditions 
such as temperature, interfacial chemistry, stress, and grain misorientation all influence 
the grain boundary complexion, it is not difficult to understand the reason why different 
groups may report different doping effects when using the same dopants. It is also highly 
possible that, by fixing other experiment conditions, a range of complexion structures 
may be obtained by varying doping concentration. As different complexion structures 
may coexist in a macro scale sample, the mechanical character of a single grain 
boundary is needed to clarify the mechanical behavior of a specific complexion structure. 
Thus, mechanical testing methods suitable for micron scale samples should be 
employed. 
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5.2 Experimental 
5.2.1 Bi-crystal preparation 
By bonding two single crystal plates of known orientation with or without the presence of 
a selected dopant layer, bi-crystal samples can be fabricated. Various combinations of 
dopants, crystal planes and their orientation may result in formation and stability of 
diverse complexions in these grain boundaries. In this study, only two variables—dopant 
type, and annealing temperature—will be the focus. The bi-crystal fabrication was 
performed at the Lehigh University in collaboration with Prof. Martin P. Harmer. 
Bicrystal MgAl2O4 samples were fabricated by diffusion bonding {100} and {111} single 
crystal substrates to form a well-defined grain boundary. By bonding two single crystal 
plates of the same type and the same degree of misorientation, nearly identical samples 
were prepared with and without dopant. In certain specimens, ytterbium was introduced 
in the boundary by deliberately putting a large excess (~2000 monolayers) of ytterbium 
in solution onto the substrate surfaces prior to the hot-pressing step. A 60-minute hot 
press was done at 1200°C under a pressure of about 20 MPa for both doped and 
undoped bi-crystal samples, followed by an annealing step in H2 at 1400 °C as shown in 
Fig. 5.6. This was intended to result in a relatively uniform interface, although some local 
problems such as voids may exist. After annealing at 1400 °C, certain specimens were 
given additional heat treatments to explore the effect of different annealing temperatures. 
Starting with the same set of doped specimens, certain bicrystals were annealed at 
1600 °C or 1800 °C in H2.  
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A small set of single crystal specimens were also annealed at 1400 °C to provide a 
direct comparison between single crystal and bicrystal behavior with identical thermal 
history. 
 
Figure 5.6 Process summary for fabricating bicrystals by solution based doping. The 
specific case of Ytterbium doping is shown, but same the technique is used for other 
rare earth dopants. The final annealing temperature was not the same for all specimens. 
 
5.2.2 STEM characterizations 
The STEM characterizations was also performed at the Lehigh University in 
collaboration with Prof. Martin P. Harmer. Thin foils (<100 nm) of the bi-crystal 
boundaries suitable for high resolution transmission electron microscopy were prepared 
with focused ion beam (FIB) milling using the FEI Strata FIB system. The local dopant 
arrangement in the boundary was investigated by means of HAADF-STEM in a 
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JEOL2200FS microscope with a dedicated Cs corrector. This characterization technique 
provides atomic mass contrast images at atomic resolution (up to 0.1 nm). Since the 
atomic weights of the dopants (the transition metals and the rare earths) are heavier 
than the aluminum or magnesium, Z contrast is visible and so this technique is very 
effective for determining the positions of the dopant atoms in the boundary. In addition, 
Electron Energy Loss Spectroscopy (EELS) was used to provide information about the 
nearest neighbor bonding and was utilized to explore the local bonding state of the 
dopants in the boundary. The grain boundary structure, thus obtained, was correlated 
with the bi-crystal boundary geometry and dopant concentration. To determine the 
mechanical properties of different complexion types, specimens for mechanical 
characterization were prepared from approximately the same areas of the boundary as 
the TEM specimen. 
 
5.2.3 Cantilever beam deflection specimen preparation 
The fabrication process for making bicrystal mechanical specimens was essentially the 
same as the process described in Chapter 4 for making single crystal specimens. 
Cantilevers, like the one shown in Figure 5.7a, were prepared by FIB milling near the 
sharp edge of each polished bicrystal in the vicinity of a STEM specimen extraction site, 
thereby making it highly likely that the grain boundaries studied are identical for both 
characterization techniques. After milling, the boundary location in each bicrystal 
specimen was confirmed using Electron Backscatter Diffraction (EBSD) and a pre-notch 
aligned with the interface was cut on the top surface using a low ion beam current of 50 
pA. For comparison purposes, single crystal specimens were extracted from the {100}-
oriented crystal on one side of an undoped interface close to the boundary region. The 
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{100} orientation was chosen as a reference because the {100} plane is expected to be 
the easiest fracture plane in spinel67, 70 and is therefore likely to control the failure of a 
bicrystal with a strong interface. The intended notch depth was approximately one fifth to 
one half of the total thickness. As before, the notch did not extend fully across the beam 
width. Shallow alignment marks were made on the top and side of the beam at the 
position where the indenter should make contact. 
 
Figure 5.7 SEM images showing an in-situ Micro-cantilever Deflection test of an Yb-
doped bicrystal spinel specimen (a) just before the test and (b) after the test. 
 
5.2.3 Mechanical testing 
The fracture tests were carried out in a scanning electron microscope (SEM) using a 
Hysitron PI-85 Picoindenter in-situ nanomechanical test system, as shown in Figure 5.7. 
The tests were carried out under the same conditions as the single crystal tests in 
Chapter 4. As a reminder, the tests were performed under load control at a constant 
loading rate of 5μN/s. The load and displacement curves of representative undoped and 
b a 
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ytterbium-doped bicrystal samples are shown in Figure 5.8. As in the single crystals, the 
intact ligaments at the ends of the pre-notch fracture to form a full-width crack at a load 
much lower than the load needed to fracture the entire beam. This is evident from the 
small, abrupt change in the slope of each curve prior to complete failure. The observed 
slope changes agree very well with finite element analysis predictions of the compliance 
changes associated with complete ligament cracking. The difference in the maximum 
load for these two particular tests shows that the ytterbium-doped specimen fractured at 
a higher load than the undoped one. The geometry of the two beams was similar, so this 
result also indicates higher fracture strength for the doped beam. However, it should be 
noted that the behavior of the two beams cannot be compared quantitatively based 
purely on the fracture load because the notch depth and overall dimensions of the two 
beams are not identical. 
 
Figure 5.8 Typical load and displacement curve for bicrystal samples under different 
doping conditions. Both samples were annealed at 1400 °C. 
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The fracture toughness KIC can be calculated using equation 3.6 as discussed in 
Chapter 3. The cantilevers had a nominal length of 12 μm, a width of 3 μm, and a 
thickness of 3 μm. The actual beam dimensions and notch depth were determined from 
SEM images before and after each test. The geometry factor was determined by finite 
element analysis for each beam. 
In addition to the factors included in equation 3.6, the stress field of a bicrystal is altered 
by the mismatch of elastic moduli of the two anisotropic bodies as shown in equation 3.7. 
The absolute values of stress intensity factor and fracture toughness can’t be accurately 
obtained at this moment as we are not capable to calculate SIFs at bi-crystal grain 
boundaries with FRAC3D. In this study, all the KIC results are estimated by equation 3.6 
without considering the anisotropic factors since only up to 10% difference was found in 
previous finite element study in chapter 2. In addition, the f(a/W) term can be separated 
into an isotropic term and an anisotropic coefficient given by Equ. 3.7. It is reasonable to 
assume that the coefficient M is the same for all bicrystal samples used in the present 
study because they all have the same crystal orientations, so a comparison of relative 
fracture toughness under different doping condition is accurate. It must be noted that, 
the comparison between KIC of the bi-crystal samples and the KIC of samples from the 
single crystal part may contain 10% uncertainties due to the difference in the anisotropic 
factor M.   
Equation 3.6 is based on a sharp notch assumption. A typical measured radius of 
curvature of 10-20 nm was found by SEM in our study. Employing a brittle fracture blunt 
notch correction method73, it was found that the calculated fracture toughness changed 
by less than 3% for the spinel beams studied here74. A similar change of only 1.7% was 
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previously obtained for Ni-W cantilevers with a typical FIB notch radius of 30 nm41. Thus 
the effect of notch radius is very small and can safely be ignored here. 
 
5.2.4 SEM characterization 
The SEM characterization was performed in the same way as we did in single crystal 
spinel samples. The position of the grain boundary was determined by EBSD in a Hitachi 
4300 SEM before the sample preparation. The geometric dimensions of the cantilever 
beam were also measured in the Hitachi 4300 SEM prior to the test with a voltage of 
10keV and a working distance of 15 mm. After the test, the crack length and the beam 
thickness were measured in a Carl Zeiss LEO 1550 SEM at 10keV and a working 
distance of 15mm with a 90° holder which is convenient for characterizing the sample 
from the side view. 
 
5.3 Experimental results 
 5.3.1 Fracture toughness results 
Three to five specimens were tested for each doping condition to gain some degree of 
statistical significance. Fracture toughness results for each test are plotted in Fig. 5.9. 
Reasonably consistent results are evident from the small data scatter within each group. 
However, it must be stated here that all the results may contain up to 10% errors 
because FRAC3D cannot handle the case of a crack between two anisotropic crystals, 
and so an isotropic model was used instead.  
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The average value of the fracture toughness for the spinel {100} single crystal 
specimens is approximately 1.62 MPa√m, and the range is 1.57 to 1.69 MPa√m. Even 
with an error as large as 10% in the KIC calculation due to the simplified isotropic model, 
these results are very close to published values obtained from macro-scale tests that 
vary from 1.1 to 1.5 MPa√m67, 70, 93, 94. We interpret the good agreement with bulk values 
as validation of the microcantilever test conditions. It is worth noting that we have used 
the same methods to measure slightly lower fracture toughness values for un-heat 
treated {100} single crystal specimens as reported previously in Table 4.2. Because 
those tests were performed using single crystal specimens with a thermal history that is 
not directly comparable with the single crystal annealed at 1400 °C, it may not be 
surprising that they do not match exactly. 
The average value of the undoped interface fracture toughness is 1.23 MPa√m. 
Although it falls within the published range for single crystal spinel, it is substantially 
lower than the average single crystal value measured here (~30% lower). It can also be 
seen in Fig. 5.9 that the ytterbium doped bicrystal specimens all show an increase in 
interfacial fracture toughness as compared with the undoped bicrystal specimens, and 
that the toughness values are essentially identical to those of the single crystal 
specimens without considering the 10% uncertainties. This suggests that Yb-doped 
spinel boundaries are not measurably weaker than the surrounding material. 
Furthermore, the fracture toughness is insensitive to the annealing temperature in the 
range of 1400-1800 °C. 
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Figure 5.9 Fracture toughness of annealed {100}-oriented single crystal (shown as SC 
{100} 1400°C) and bicrystal spinel grain boundaries with different doping conditions. 
 
5.3.3 STEM results 
Figure 5.10a represents a typical HAADF electron micrograph of the undoped spinel 
grain boundary. The boundary was observed to be “clean” without any evidence of 
impurity segregation. It was imperative to confirm the absence of any unwanted 
impurities in the undoped grain boundary, since the presence of trace amounts of 
impurities can potentially nucleate different grain boundary complexions. This clean 
boundary was therefore suitable for creating a baseline for fracture toughness of the 
grain boundary under investigation.  
1 
1.2 
1.4 
1.6 
1.8 
Fr
ac
tu
re
 to
ug
ne
ss
 (M
Pa
m
-1
/2
)  
SC {100}  
1400oC 
undoped  
1400oC 
Yb  
1400 oC 
Yb  
1800 oC 
Yb  
1600 oC 
109 
 
 
Figure 5.10 Atomic-resolution HAADF images taken from (a) the intrinsic undoped 
bicrystal grain boundary and (b) the ytterbium doped bicrystal grain boundary of spinel 
demonstrate different grain boundary structures. High magnification HAADF images 
showing ytterbium configuration of (c) 1400 °C, (d) 1600 °C and (e) 1800 °C annealed 
specimens in a grain boundary. The ytterbium segregation behavior is not noticeably 
altered by high temperature annealing. Ytterbium segregation sites are schematically 
shown in (f). 
A periodic staggered monolayer segregation of ytterbium was observed in the grain 
boundaries of the as-pressed doped samples (Figure 5.10b). An important point to be 
noted here is that a large excess of ytterbium was introduced in the boundary during 
initial processing. A nanometer scale ytterbium-rich intergranular film would be expected 
if this entire dopant amount remained in the grain boundary after heat treatment. Instead, 
ytterbium was limited to only one monolayer equivalent width, indicating that the 
staggered monolayer is the most thermodynamically stable configuration of the ytterbium 
atoms in this spinel grain boundary. On annealing the ytterbium-doped bi-crystals the 
grain boundary segregation behavior remained invariant as evident from the typical 
microstructures presented in Figures 5.10c-5.10e. The presence of the same grain 
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boundary structure over a large temperature range confirms the thermodynamic stability 
of such a configuration and may explain the negligible differences among the measured 
fracture toughness values of the doped specimens.  
 
5.4 Discussion 
An atomic model was derived from the HAADF microstructures (Figure 5.10f). The close 
proximity of the ytterbium atoms to the oxygen atoms implies strong bonding of the 
ytterbium with oxygen. The enhanced grain boundary strength of these boundaries might 
be attributed to these strong bonds. However, the nature of the bonding between the 
ytterbium atoms and the atoms on the other side of the grain boundary is unknown. 
Since the other side was not in the same zone axis, the atomic configuration of the 
crystal cannot be derived from these images. A similar strong bonding between 
ytterbium and oxygen atoms of the other side of the grain boundary would confirm the 
hypothesis. In Si3N4, ytterbium was previously found to segregate into similar staggered 
pairs at the interface between the crystal lattice and an amorphous intergranular film 
(IGF)77. This may indicate a similar lattice absorption character as in the present spinel 
study. However, it is difficult to draw strong conclusions from this similarity because 
ytterbium in spinel is directly bonded to the crystal lattice on both sides of the grain 
boundary rather than to an IGF. Therefore a different dopant influence on the 
mechanical behavior could be expected, and additional detailed analytical electron 
microscopy and first principles calculations must be performed to fully understand the 
ytterbium segregation behavior and its effect on spinel grain boundary characteristics. 
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5.5 Conclusions and proposed future work. 
In this study, fracture toughness measurements were successfully carried out at bicrystal 
grain boundaries using a micro-cantilever deflection test method. Direct correlations 
between the relative fracture toughness values and the ytterbium segregation in spinel 
bi-crystal grain boundaries were established. Atomic-resolution electron microscopy 
results suggest that ytterbium segregates as a staggered monolayer in the bicrystal grain 
boundary. The toughness of bicrystal specimens with doped boundaries was significantly 
higher than that of specimens with identical grain boundaries without any dopant (‘clean 
boundaries’). Furthermore, the doped boundary behavior was indistinguishable from the 
fracture toughness of the {100} single crystal substrate that had been subjected to the 
same heat treatment. Also, it was observed that the ytterbium segregation behavior 
remains unaltered within the investigated temperature range. Therefore, the similar 
fracture toughness values of the doped specimens suggest a correlation between the 
segregation behavior and the measured toughness. From the atomic models derived 
from the electron microscopy results we postulate that strong bonding between the 
oxygen atoms and the ytterbium atoms at the boundary resulted in the increased 
strength of these boundaries. This study demonstrates that a small ionic radius rare 
earth dopant can have a significant effect on the toughness of a spinel boundary without 
the overlapping influences of factors such as grain size and residual stress that are 
present in polycrystalline ceramics. Furthermore, it serves as a baseline for comparison 
with future studies of rare earth doped spinel. 
In the future, bi-crystals with other dopants such as LiF, CaB4O7, B2O3, or NaF can be 
systematically studied using the same experimental techniques to correlate grain 
boundary structures with the mechanical behaviors.  
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The second possible focus of future work could be to study how the grain boundary 
misorientation would influence the dopant segregation and mechanical properties of the 
boundaries. Bi-crystal grain boundaries with different misorientations could be prepared 
and then be doped by the same dopant and same doping conditions.  
The third possible focus of future work is the effect of dopant concentration gradient. As 
mentioned in the introduction, the most widely used dopant, LiF, added as a sintering aid, 
is known to greatly degrade the fracture strength of this material. Although much effort 
has been done to develop processing conditions with the intention of evaporating the 
additive after sintering is complete, the intergranular fracture problem still exists3. The 
role of the LiF containing spinel in the weakening of the grain boundary is still unknown 
and therefore would make an excellent subject for future work. A method for making 
specimens with a concentration gradient would be to diffuse the dopant along the 
boundary rather than trapping it during hot pressing. By bonding two clean single crystal 
plates of the same type together and then introducing dopant at high temperature only 
on one side of the bonded bi-crystal, the dopant would diffuse along the bicrystal 
boundary. This would result in a concentration gradient in the boundary as a function of 
distance from the original position of the dopant. Prior to characterization, the bicrystal 
sample surface would be polished at a lower temperature in a reducing atmosphere. The 
concentration relationship between the planes comprising the bi-crystal boundary would 
be carefully documented and correlated with the complexion type and the mechanical 
properties. 
The ultimate goal is to determine the mechanical behaviors and grain boundary 
structures (complexions) for different grain boundaries in spinel bi-crystal. Thus, it should 
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be possible to establish direct correlations between distinct grain boundary mechanical 
behaviors with different complexions types. 
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Chapter 6. Fracture toughness testing of 
nanocrystalline Ni-W 
6.1 Background 
6.1.1 Motivations of studying Ni-W thin films with micro-cantilever 
deflection test technique  
Nanocrystalline metallic materials often exhibit superior strength and hardness 
compared with metals/alloys of coarse grain size as predicted by the Hall-Petch 
strengthening relationship4-8. However, these materials can be limited in practical 
applications by their brittleness as the grain size approaches the nano-scale4-8 . The 
mechanisms linking a ductile to brittle transition behavior to decreasing grain size as 
found in face-centered-cubic (fcc) nanocrystalline (nc) metals/alloys is attracting a lot of 
scientific interest95-98. Although a lot of progress has been made in understanding the 
fracture behaviors in previous studies of nanocrystalline metals/alloys, there are still 
many open questions and debates about the deformation mechanisms in nanocystalline 
materials partially due to the limitations of conventional tensile testing technique. 
First, although macroscopically low plasticity is frequently shown in macro-scale load 
and displacement curves, ductile fracture morphologies such as dimpled structures with 
feature size considerably larger than the grain size have also been observed in previous 
tensile tests. This apparent contradiction has created intense debate about the fracture 
mechanisms at work7, 96, 99-107. Without the introduction of a ‘sharp’ pre-notch in the 
macro-scale tensile test, it is hard to determine whether these ductile fracture 
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morphologies demonstrate the material’s intrinsic properties or are simply due to the 
blunt crack toughening mechanisms.  
Second, in a conventional tensile test, only fracture strength values can be measured. 
Fracture strength is highly dependent on the testing conditions. The larger the surface to 
volume ratio, the more important the role of microvoids and microcracks may play in the 
deformation mechanisms. Thus the sample size effect on the fracture strength may be 
also contribute to the larger scatter in the mechanical testing results reported in the 
literature. Related to this, a third issue is that nanocrystalline metallic films may contain 
micro-size cracks108 which would play the role of stress concentrators and introduce 
additional uncertainties and data scattering in macro-scale tests.  
Finally, the amount of nanocrystalline material available for mechanical testing is often 
limited because of the nature of its preparation techniques. For example, 
electrodeposited specimens may be restricted to the micrometer scale for practical 
reasons. So it may not be practical to perform macro-scale testing in that case. 
Micro-cantilever deflection test technique demonstrated in previous chapters seems to 
be an ideal solution for these challenges. First, a sharp notch with radius in nano-scale 
can be introduced by FIB to ensure the nanocrystalline materials to minimize the crack 
blunting effect. Second, with defined crack length and geometric dimensions, fracture 
toughness values can be extracted which are materials intrinsic properties and 
independent of the testing set up. Third, performing micro-scale tests in areas free from 
micro-cracks will make it easier to obtain consistent fracture toughness results with small 
scattering. Finally, micro-cantilever deflection tests can be done with the availability of 
very small amounts of materials such as nc thin films.  
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Ni-W thin films were selected as an example to understand the fracture behaviors in nc 
materials for the following reasons. First of all, as-deposited Ni-W films exhibit 
amorphous structure under some preparation conditions. Although the focus of this 
study is mainly on the mechanical behavior of nc Ni-W, it will be also very useful to 
compare the fracture behaviors of amorphous and nc Ni-W. In addition, as electro-
deposited amorphous materials often show relatively low residual stress109, 110, it is 
recommended to prepare amorphous materials first and then convert them into nc 
materials by heat treatment. Second, the sample preparation and the microstructure 
evolution for Ni-W have been well studied in previous studies, which make it convenient 
for us to prepare desired samples. Third, nc Ni-W is a face-centered-cubic (fcc) material 
which often demonstrates a ductile to brittle transition with the reduction of grain size95-98. 
Fourth, Ni-W nc thin films have been tested using a similar micro-cantilever deflection 
test method by Armstrong et al.41 but highly scattered KIC results in the range of 1.49–
5.14 MPa√m were reported. Although they claimed that it was due to the 
inhomogeneous nature of the nc Ni-W, it will be very instructive to see if a more 
sophisticated micro-cantilever deflection test technique we developed in previous 
chapters could be applied to nc materials to guarantee consistent results. These are the 
motivations for applying the cantilever fracture test methods developed for spinel to 
nanocrystalline metals/alloys, with Ni-W as a demonstration. 
 
6.1.2  Fracture mechanisms in nanocrystalline materials 
Coarse grained metals/alloys usually fracture in a ductile way with huge amount of 
plastic deformation due to dislocation motions. One of the widely accepted crack tip 
toughening mechanism was proposed by Ohr in 1985111. In this paper, it was proposed 
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that once dislocations are generated at the crack tip region, they will move out of the 
crack tip area due to repulsive forces until the force is balanced by the lattice friction. 
Thus a dislocation free zone is created to restore the local strain energy. In addition, the 
dislocation emitting process would exert back stress on the sources in order to decrease 
the stress at the crack tip. Small cracks were found to nucleate at the grain boundaries 
which were located within a couple of microns from the main crack front. As the stress is 
increased further, the two cracks would join together by breaking ligaments separating 
them. Whether metals/alloys will fracture in a brittle or a ductile manner will largely 
depend on the critical stress intensity factor for dislocation generation Ke relative to the 
critical stress intensity factor for brittle fracture Kc. If Ke > Kc, it will fail in an unstable 
brittle crack growth mode without crack tip deformation instead of in a ductile manner. 
Nanocrystalline metals/alloys usually show much more brittle fracture behaviors 
compared with their coarse grained counterparts due to the limitation of the dislocation 
motion. 
Before we investigate the fracture mechanisms of Ni-W thin films, it will be critical to 
have a quick review of the progresses and challenges in previous research. Two general 
deformation mechanisms were proposed in previous studies on the deformation of nc 
metals/alloys. The first mechanism is the dislocation motion controlled deformation 
which is supposed to be dominant in nc metals/alloys with large grain size. The second 
one is the diffusion process controlled mechanism that is supposed to be dominant in nc 
metals/alloys with small grain size.  
In nc metals/alloys with large grain size, dislocation activity in nanocrystalline materials 
has been observed in a lot of studies. Kumar et al. 102 studied nanocrystalline Ni 
produced by electrodeposition with an average grain size of 30 to 40 nm. Although the 
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bulk deformed nanocrystalline material tested in macro scale tests showed relatively few 
dislocations throughout the material, the in-situ experiments showed significant 
dislocation activity associated with the crack tip (Fig. 6.1d). Twinning was also observed 
in dynamic tests as shown in Fig. 6.1. Dislocation emission was found to be triggered at 
a crack tip in several grains ahead of the crack tip. Dislocations were often generated in 
grain boundaries and absorbed in adjacent grain boundaries. It was also reported by 
Legros et al. that extensive dislocation motion and tangling were generally restricted to 
large grains that had grown to a critical size that is about 100 nm, and only individual 
dislocation activity was observed in grains as small as 40–50 nm112. Crack blunting was 
studied by Hattar et al. 113, in which they discovered that propagating cracks were halted 
at large grains(130 nm), and crack blunting occurred through grain-boundary-mediated 
processes. The blunting process was determined to be accompanied by dislocation 
emission and deformation twinning in grains which are responsible for arresting the 
cracks. In small grains such as 20 nm114 or even 5 nm115, although perfect dislocations 
were still visible in TEM images, their contribution to the toughening is considered to be 
very limited. These results indicate that although the effect of the dislocations is much 
smaller compared with coarse grained metals/alloys due to the reduction of the grain 
size, the dislocation plasticity is still regarded as a major contribution to the plastic 
deformation in nc materials with large grain size. 
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Figure 6.1 A sequence of “freeze-frame” images captured during an in situ deformation 
test in the TEM of a microtensile specimen. Images a–d show the microstructural 
evolution and progression of damage with an increase in the applied displacement 
pulses. The presence of grain boundary cracks and triple-junction voids (indicated by 
white arrows in (a)), their growth, and dislocation emission from crack tip B in (b–d) in an 
attempt to relax the stress at the crack tip as a consequence of the applied 
displacement, can all be seen. The magnified inset in (d) highlights the dislocation 
activity102. 
 
When the grain size of a metal/alloy is reduced down to the scale of a few nanometers, 
lattice dislocation slip could be hampered or even completely suppressed, as it is 
generally accepted that grain boundaries (which exist in very large numbers in 
nanocrystalline materials) arrest gliding lattice dislocations4-8. Thus this energy 
dissipation mechanism could be inactive and no toughening from dislocation motion is 
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achieved when the grain size become very small. At this range, diffusion controlled 
mechanisms such as grain boundary sliding116, grain boundary rotation117, 118 and 
deformation induced grain growth119, 120 have been proposed as alternative deformation 
mechanisms.  
Shan et al.118 reported first direct evidence for grain-boundary-mediated processes in an 
in-situ TEM mechanical test of pulsed–laser deposited Ni in 2004. Pure grain boundary 
processes (without GB/dislocation interaction) were also observed to be active in both 
small nanocrystalline and large grown grains later.112. It was predicted by simulation121, 
122 that, at grain sizes less than about 10 nm, deformation would occur primarily by grain 
boundary sliding driven by the large local stresses near the grain boundary. However, 
the models are based on perfect samples with no porosity. On the contrary, the GB 
sliding would decreases as the grain size increases, and when the grain size is larger 
than 50 nm, the grain boundary sliding is found to be less than 0.4% of the grain size 
and is negligible compared to the total plastic deformation123. Also, grain boundary 
misorientations play an important role on grain boundary sliding since at low angle 
regimes, higher misorientations correspond to higher grain boundary energy and higher 
grain boundary sliding rate123. Ke et al. reported on in situ observation of up to 15° grain 
rotations (crystal lattice rotation within grains) ahead of growing crack tips in 
nanocrystalline Au films under tensile deformation124. With a thin film tensile technique, 
Liu et al also in-situ observed grain rotations near crack tips in a nanocrystalline, 
textured, columnar-structured Au film during the plastic deformation125. In particular, Cui 
et al.126 reported on the in-situ experimental observations of nanodisturbances. With 
associated nanoscale rotations of crystal lattice, there will be transformation into lattice 
dislocation dipoles and formation of dislocation dipole walls in the mechanically loaded 
titanium alloy.  
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Hasnaoui et al.105 demonstrated through simulation work that due to the presence of twin 
boundaries which are resistant to sliding, local shear planes were concentrated around 
the neighboring planes, creating a cluster of grains surrounded by a sliding environment 
as shown in Fig. 6.2a. As shown in Fig. 6.2b and 6.2c, Iwasaki et al. 106 reported that the 
dimple size varies from 20 to 200 nm, which is about 2.5–25 times the mean grain size. 
As shown in Fig. 6.2b, the inner surface of each dimple seems to consist of many small 
bubble-like sub-features which have a similar dimension as the average grain size. They 
believed that the size of dimple shown in Fig. 6.2c would depend on the size of grain 
cluster suitable for sliding and the crack propagation is along the boundary of the grain 
cluster not along individual grain boundary. Li et al.96 examined the fracture surface after 
a macro-scale tensile test and they found that the fracture path was along a cluster of 
grains with similar orientations as shown in Fig. 6.2c. In 2008, Shan et al.107 reported on 
in-situ observation of formation of grain agglomerates which consist of nanograins 
separated by low-angle grain boundaries ahead of advancing cracks in nanocrystalline 
Ni films under a tensile load. The formation of agglomerates is shown to occur through 
transformations of high-angle GBs into low-angle ones as shown in Fig. 6.2d and the 
crack propagates along the boundary of the cluster. However, solid evidence has not 
been ruled out as they also found crack would also grow through the grain clusters on 
some occasions.  
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Figure 6.2 Previous evidence of grain cluster sliding/rotation mechanisms: (a) 
Simulation results shows the existence of cluster of grains which are resistant to the 
sliding/rotations105; (b)  Dimple structure was associated with the fracture between 
boundaries of a cluster of grains106; (c) Ex-situ TEM image shows that the fracture 
surface of Ni is along cluster of grains96; (d) In-situ TEM images also show that the 
fracture path in nanocrystalline Ni is along the boundary of a cluster of grains107. 
 
In addition, deformation-induced nanocrystalline grain growth can also lead to enhanced 
ductility and obvious strain softening in nanocrystalline metals/alloys119, 120. It was found 
in nanocrystalline aluminum films that preferential grain growth at a crack tip appeared in 
an in-situ test. This may lead to crack tip blunting as shown in Fig. 6.3112. It was also 
found in gold nanocrystalline films that the crack propagates by repetitively nucleating 
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and moving atomic steps from the tip region to the rear of the crack127. The stress 
concentration at the tip may help in the step nucleation process.  
However, these diffusion-controlled mechanisms are still not well understood and under 
intense debate since solid evidence is still difficult to obtain. Also, as there are few 
quantitative measurements of the fracture toughness in previous studies, it is difficult to 
determine their contribution to the material’s overall toughness. By introducing the 
fracture toughness testing of micro-cantilever deflection technique in our study, it may 
shed lights on these open questions. 
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Figure 6.3 Grain growth by re-orientation and coalescence of grains. (a) t = 0 s (b) 6 s, 
(c) 20 s, (d) 22 s, (e) 49 s, and (f) sketch of the grain shape evolution from (a) to (e)127. 
 
6.1.3 Ductile and brittle deformation behaviors in nanocrystalline 
metals/alloys 
Depending on the amount of plastic deformation involved before fracture occurs, nc 
metals/alloys may exhibit either a ductile or brittle fracture manner. In the face-centered-
cubic (fcc) nanocrystalline metals/alloys, the ductile to brittle transition with decreasing 
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grain size was reported, attracting a lot of scientific interest95-98. H. Li et al found a ductile 
to brittle transition in nanocrystalline Ni metals by changing the fracture mechanisms 
from voids coalescence to breaking atomic bonds96. Simulation results also suggested 
that an increase in grain size from 5 to 100 nm would increase KIC by 100%, thus largely 
enhances the toughness of the nanocrystalline materials.  
Ductile deformation process is often associated with a nano-void coalescence process8. 
The void formation and growth are associated with the slow removal of atoms from the 
region where the void nucleates and grows. In contrast, brittle crack generation is 
associated with fast lattice displacements that break atomic bonds, and the crack growth 
is accomplished by connecting subcracks to the main crack128. Kumar et al. 102 reported 
that nanocrystalline Ni with an average grain size of 25–30 nm reveals dimpled rupture 
with the dimple diameter and dimple size (~300–400 nm) of an order of magnitude larger 
than the grain size after a tensile test. The dimple size is uniform and extends across 
most of the specimen cross-section. The ligaments between dimples were found to be 
stretched significantly as shown in Fig. 6.4 which is an indication of a ductile plastic 
deformation. Ovid'ko et al. 128 reported on that nano pores are likely to have elongated 
shapes under a tensile loading, and the formation of nanopores was more energetically 
preferential than that of brittle nanocracks in nanocrystalline Ni and Al2O3 (sapphire) in 
wide ranges of their parameters. 
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Figure 6.4 A sequence of images extracted from a video-tape recording of the 
progression of deformation an in situ straining experiment. In image (a), the crack tip and 
a ligament composed of three grains can be seen. This ligament has already undergone 
plastic deformation and the three grains are elongated. Further deformation results in 
grain boundary separation (b) and subsequent transgranular failure of grains 1 and 2 (c). 
The ligament left intact in (c) continues to deform plastically, developing parallel bands of 
alternate black-and-white contrast that could perhaps be a consequence of twinning. 
Eventually, the ligament necks down to a chisel point and ruptures; (d). The digitized clip 
of this sequence of images may be viewed at the website with the following link 
http://ninas.mit.edu/Submission/SupInfo/index2.html102. 
 
Grain  boundaries and triple junctions of nanocrystalline Ni samples are found to be 
sources of the formation of nano-voids ahead of the crack. An in-situ study in 
nanocrystalline Ni samples with average grain size of 5 nm demonstrates that the nano-
voids often form ahead of the crack front but not connected to the crack tip115. The 
cracks are found to gradually join the major branches when the crack is propagating. 
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In contrast, a brittle deformation process is often associated with the nano-crack linkage 
and ligament fracture process. Nano-cracks were generated at the grain boundary and 
triple junctions. The brittle fracture mode is usually attributed to the existence of 
nanopores which provide a good source for the nano-crack initialization129, 130. 
Measurements of sample free volumes, using positron annihilation lifetime spectroscopy, 
show the presence of nanopores (10 to 20 vacancies) in all samples, independent of 
their synthesis technique. Even in “fully dense” samples, 1–2 nm sized pores (imaged by 
TEM) as well as smaller nanovoids (PAS) can be observed. These nano pores are 
thought to be an intrinsic property of the microstructure at grain size in the nanometer 
regime and will play a role in the interpretation of the mechanical properties of 
nanocrystalline metals/alloys131.  
By evaluating information such as fracture surface morphology, load and displacement 
curves and the fracture toughness, the brittleness of nanocrystalline and amorphous Ni-
W will herein be characterized and correlated with its microstructure determined by TEM 
analysis. 
 
6.1.4 Microstructure evolution in Ni-W nanocrystalline films 
As mentioned before, as-deposited Ni-W films often exhibit amorphous or crystalline 
structure depending on the W composition and the preparation conditions. It was found 
by Borgia et al. that when W concentration exceed 50%, the as-deposited Ni-W will be 
amorphous132. Metastable amorphous Ni-W phases were found to transform into stable 
crystalline phases upon annealing at 300 °C. Another study reported on the occurrence 
of amorphization providing W content in a phase exceeding 28 at%133. Zhu et al. 
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reported that electrodeposited Ni-W alloy has a single amorphous phase in the W-
concentration range above 20 at%108. If the W concentration decreases only 2.2 at% 
from 20 at%, the material would show the amorphous and nanocrystalline co-existing 
structure with the volume fraction of amorphous phases of 63.4%134. In addition, 
Yamasaki et al. have shown that the structure of Ni–W deposits also depends on current 
density and deposition temperature135. A high current density or deposition temperature 
increases the W content and favors amorphous structure.  
It is therefore evident that the electrodeposited Ni–W alloys with high W content of about 
22% potentially serve as strong candidates, as their hardness would be enhanced with 
minimal decrease of wear resistance at elevated temperatures136. It has been reported 
that electrodeposited amorphous Ni-W alloy films have relatively lower internal stress 
than nanocrystalline Ni-W alloy films109, 110. Because of this, the fabrication of amorphous 
Ni–W alloys is often been carried out to resolve high residual stress problems137. In our 
study, an amorphous/nanocrystalline Ni-W will be prepared prior to the fabrication of nc 
Ni-W. In our study, a uniform sharp pre-notch was introduced by ligament fracture at the 
side of the notch. Also, as-deposited (AD) Ni-W samples and 700 °C heat treated (HT) 
Ni-W samples were studied to show how the heat treatment will influence the 
microstructure and fracture behaviors of Ni-W films. 
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6.2 Experimental 
6.2.1 Ni-W sample preparation 
All Ni-W deposition was performed at the University of California San Diego in 
collaboration with Prof. Jian Luo. The initial film thickness was nominally 10 µm. The Ni-
W alloys were electrodeposited using the following bath composition: NiSO4∙6H2O (0.06 
mol./L), Na3C6H5O7∙2H2O (0.5 mol./L), NaBr (0.15 mol./L), Na2WO4∙2H2O (0.14 mol./L), 
and NH4Cl (0.5 mol./L). Each deposition was conducted for 30 min with continuous 
stirring and the bath temperature was maintained at 75 °C. Prior to the electrodeposition, 
Ni substrates and Pt counter electrodes were ground with silicon carbide films (up to 800 
grit), fine polished by 1.0-μm alumina colloidal suspensions, and cleaned in acetone. For 
reverse-pulsing deposition, a forward current density of 0.2 A/cm2 of 20 ms and a 
reverse current density of 0.1 A/cm2 of 3 ms were applied alternatingly. As-deposited 
specimens were annealed at 700 °C for 4 h (with a heating rate at 5 °C/min) in a 
horizontal tube furnace flowing Ar + 5 mol. % H2. 
 
6.2.2 Cantilever beam deflection specimen preparation 
Cantilever mechanical test specimens, like the one shown in Figure 6.5, were prepared 
by FIB milling near the sharp edge of an edge-polished Ni-W thin film. The general 
process is identical to that used for the spinel cantilevers in chapters 4 and 5, and is 
repeated here only for the convenience of the reader. The pre-notch was fabricated by 
FIB milling with reducing milling width with an ion beam current of 50 nA at 30 KeV as 
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shown in Fig 2.10a. Initial cuts were made using a 30 KeV Ga+ ion beam at a current of 
7 nA, followed by lower current milling at 3 nA and 1 nA to reduce beam-induced surface 
damage. The milling process was completed using a low current ion polishing step at 
500 pA to reduce surface roughness and to further remove prior beam damage. Two 
steps were involved in creating each cantilever beam specimen. In the first step, three 
trenches were made on the top face to define the lengths and widths of a pair of 
cantilevers, as shown in Fig. 6.5. In the second step, the Ni-W specimen was rotated 90° 
and a rectangular region on the cross-section face was milled away to separate the 
underside of the cantilever from the surrounding material. This step also defined the 
beam thickness. The nominal dimensions of the beams were length L=12 μm, width B=3 
μm, and thickness W=3 μm. Each specimen therefore represented only the upper 3 µm 
of the 10 µm thick film from which it was milled. (If desired, the lower part of the film 
could also be used, but this wasn’t the case for the present study.) The notch extended 
most of the way across the center of the cantilever, leaving thin intact bridges of about 
100-200 nm on both ends. Shallow alignment marks were made on the top and side of 
the beam at the position where the indenter should make contact. The locations of the 
as-prepared cantilever beam are shown in Fig. 6.5c and 6.5d. 
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Figure 6.5 Sample Ni-W micro-cantilever beam preparation using FIB. (a) The beam 
width is established and registration markers are milled, (b) the beam is undercut to 
define the thickness, (c) The finished beam is located at the edge of the single crystal 
substrate. d) The location of the cantilever beams. 
 
6.2.3 Mechanical testing 
The fracture tests were carried out in-situ just like the spinel single crystals and 
bicrystals described in chapters 4 and 5. A representative Ni-W test is shown in Figure 
6.6a and 6.6b. The Ni-W tests were performed under load control at a constant loading 
rate of 5 μN/s. The load and displacement curves of representative nanocrystalline 
samples are shown in Figure 6.7. It is interesting to note that single crystal spinel (Fig. 
4.7) and bi-crystal spinel (Fig. 5.8) showed abrupt slope changes associated with 
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ligament fracture whereas the nanocrystalline curves show a gradual slope change with 
multiple small steps (Fig 6.7). These different behaviors should be an indicator of 
different fracture behaviors during the ligament fracture in nanocrystalline materials and 
in single crystals since they are associated with intergranular and transgranular fracture 
respectively. Regardless of exactly how the ligaments fracture, it appears that they do so 
in the Ni-W and so the fracture toughness KIC can still be calculated using equation 3.6.  
 
Figure 6.6 Representative fracture toughness test in Ni-W nanocrystalline materials. 
133 
 
 
Figure 6.7 Representative load and displacement curve of as-deposited Ni-W 
nanocrystalline samples and Ni-W nanocrystalline samples heat treated at 700°C. 
 
6.2.4 Structure characterization 
Specimens were characterized by scanning electron microscopy (SEM) using a Phillips 
XL30 microscope equipped with an energy dispersive X-ray spectroscopy (EDXS) 
analyzer and by X-ray diffraction (XRD) using a Rigaku (Tokyo, Japan) RU-200BH 
diffractometer operating at 40 kV and 100 mA. Crystallite sizes were calculated using the 
Scherrer Equation based on measured full widths at half maximum (FWHM) of the XRD 
peaks. The instrumental broadening effect was measured using a NIST LaB6 standard 
specimen, and the corrected FWHM was obtained using equation 6.1 
βcor
2 = βexp2 − βref2                                                                                                           (6.1) 
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where βexp is measured FWHM from the specimen of interest and βref is the measured 
FWHM from the standard LaB6 specimen, and used in computing crystallite sizes. The 
EDXS and x-ray work were performed at the University of California San Diego by Prof. 
Jian Luo and his students. 
TEM characterizations were performed at the Lehigh University in collaboration with Prof. 
Martin P. Harmer. TEM samples of the nanocrystalline films were prepared by focused 
ion beam (FIB) milling by FEI Strata DB 235 system with the thickness less than 100 nm. 
The TEM specimens were then milled in a nano-milling system to reduce surface 
damage. The nanocrystalline thin films were imaged by JEOL JEM-ARM200CF 
aberration corrected STEM at an acceleration voltage of 200 KeV. The fracture surface 
morphology was imaged after the mechanical test using a Carl Zeiss Leo 1550 Scanning 
Electron Microscopy (SEM) operating at 10 KeV.  
 
6.3 Experimental results 
6.3.1 Structure characterizations 
The average composition of the Ni-W alloys was measured to be 23 at.% W using EDXS 
quantitative elemental analysis in the SEM as shown in Fig. 6.8 (figure courtesy of Prof. 
Jian Luo in UCSD). As shown in Fig. 6.9 (figure courtesy of Prof. Jian Luo in UCSD), the 
grain size of the AD Ni-W alloys was measured to be ~2 nm from XRD peak broadening. 
The grain size of the HT Ni-W alloy specimens annealed at 700 °C for 4 hours was 
estimated to be ~36 nm. XRD patterns of HT Ni-W also revealed the presence of Ni4W 
and NiW phases which were also observed in previous study138136. 
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Figure 6.8 EDX spectrum of the electrodeposited Ni-W alloy. 
 
 
Figure 6.9 Measured XRD patterns of an as-deposited Ni-W specimen and a Ni-W 
specimen annealed at 700 °C for 4 h.  
 
The morphology of the AD Ni-W was characterized in HRTEM to determine the structure. 
A low magnification image is shown in Fig. 6.10a. The selected area diffraction (SAD) 
pattern taken from the sample shows amorphous-like ring patterns (Fig. 6.10b). However, 
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in contrast with the featureless ring patterns reported previously for fully amorphous Ni-
W139, this pattern contains diffraction spots which indicates the presence of a 
nanocrystalline component which has been demonstrated by the Ni(W) peaks in the 
XRD shown in Fig. 6.9. The black features shown in Fig. 6.10a may therefore be certain 
nanocrystalline Ni-W grains visible because of the contrast created by being at an 
orientation near a major zone axis. At a higher magnification, the lattice fringes of the 
nanocrystalline Ni-W component are shown in Fig. 6.10c which demonstrates a mixture 
of both amorphous and nanocrystalline Ni-W alloys. Representative nanocrystalline 
grains can be seen in Fig. 6.10c inside white circles. From HRTEM images, the average 
grain size was determined to be about 2.5±1.2 nm which is very close to the value 
estimated by XRD. 
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Figure 6.10 HRTEM images taken from the as-deposited Ni-W sample. (a) Low 
magnification image; (b) Selected area diffractions (SAD) pattern shows the co-
existence of the amorphous Ni-W and nanocrystalline Ni-W; (c) High magnification 
lattice image shows the grain size distribution of the nanocrystalline Ni-W component 
 
The HT Ni-W samples have a fully nanocrystalline matrix with an average grain size of 
about 15±7 nm and second-phase W-rich particles dispersed in the matrix, as shown in 
Fig 6.11a. The average grain size determined by STEM is smaller than that estimated 
from the XRD. Nanopores with average size 5±2 nm were also found both in the Ni-W 
matrix and the W rich second phase. There are also nanopores that are mostly situated 
at GBs as shown in Fig. 6.11b. This nanoporous structure is similar to the 
microstructures reported before in nanocrystalline copper fabricated by 
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electrodeposition129. It was reported before that even in “fully dense” samples, nano-
pores can be detected, and therefore they have been reported as a intrinsic property of 
the nanocrystalline materials created in this way and may be experimentally 
unavoidable131, 140. The existence of the nanopores are often associated with the brittle 
fracture of nanocrystalline materials129, 130, 141. 
 
Figure 6.11 HADDF-STEM images taken from the 700 °C heat treated Ni-W sample. (a) 
Low magnification image shows that the W-rich second phase particles are dispersed in 
the Ni-W matrix. (b) High magnification image shows the existence of nano-pores and 
the grain size distribution of the surrounding nanocrystalline material.   
 
6.3.1 Fracture surface morphology 
The fracture surface morphology is shown in Fig 6.12 for representative AD Ni-W 
sample and Fig. 6.13 for HT Ni-W sample. The AD samples show a very rough surface 
morphology with ridges running along the fracture path indicating a ductile fracture 
character. This is quite different from the smooth surface usually associated with the 
fracture of an amorphous material, and is compatible with the non-linear load-
displacement curve shown in Fig. 6.9. Matching the fracture surfaces, it can be seen in 
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Fig. 6.12 that the convex ridges on the left side match the concave grooves on the right 
side, and vice versa. Therefore, the crack front is likely to have had a wavy shape as it 
propagated through the material. 
In contrast, the fracture surface morphology of the HT Ni-W samples indicates an 
intergranular fracture character as the feature size visible on the fracture surface is in 
good agreement with the average grain size of 15 nm. Again matching the fracture 
surfaces, a pebble-like appearance is present on both sides of the HT Ni-W. This 
supports the supposition that the fracture was intergranular rather than transgranular 
with a dimpled rupture that would result from void growth and micro-pore coalescence. 
One might also expect that the feature size would be larger than the grain size in the 
case of microvoid coalescence because previous studies that found dimpled rupture 
showed dimples that were significant larger than the average grain sizes of 10nm and 30 
nm in their Ni-W in-situ TEM samples7. Despite the intergranular nature of the fracture 
process, there is some larger scale roughness on the surface related to clusters of Ni-W 
grains that influenced the crack path.  
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Figure 6.12 SEM images of left side(a,c) and right side(b,d) of the fracture surface of an 
as-deposited Ni-W film shows a rough, ridged fracture morphology. The numbered 
convex features on one side match the numbered concave features on the other side, 
and vice versa. 
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Figure 6.13 SEM images of left side(a,c) and right side(b,d) of the fracture surface of 
700 °C heat treated Ni-W films shows intergranular fracture morphology and the 
presence of Ni-W grain clusters. 
 
6.3.2 The influence of notch radius on the fracture surface and 
fracture toughness results 
A relationship quantifying the influence of the notch radius on the apparent fracture 
toughness of brittle polycrystalline materials was proposed by Gomez et al.13 for Single 
Edge V-Notched Beam (SEVNB) specimens. This relationship can be written as: 
Ka = KIC�1 + R8rc                                                                                               (6.1) 
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where Ka is the apparent fracture toughness values measured by the test, KIC is the real 
fracture toughness value, R is the notch radius, and rc is a critical distance which is 
equal to the grain size.  
In this study, the typical notch radius created by the FIB was determined to be about 12 
nm. The average grain size of the 700 °C heat treated Ni-W nanocrystalline samples 
was determined to be 15nm. The ratio of Ka/KIC is determined by equation (2) to be 1.05 
for the 700 °C heat treated samples. This indicates that the error associated with the 
crack tip curvature is only about 5%. The AD Ni-W does not require a correction 
because the material is amorphous. The corrected fracture toughness data for the HT 
Ni-W is compared with that of the AD Ni-W in Fig.6.14.  
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Figure 6.14 Fracture toughness of as-deposited and 700 °C heat treated Ni-W 
nanocrystalline samples. The toughness is significantly greater in the HT specimens. 
 
6.4 Discussion 
The AD films fracture in a ductile manner which is very similar to the fracture behavior of 
amorphous metals/alloys. Thus, it is highly possible that the material matrix is composed 
of the amorphous phase while the nanocrystalline phase is dispersed in the matrix. It 
also shows a zig-zag pattern which may be associated with the presence of 
nanocrystalline Ni-W particles which are cracking. In previous studies of amorphous 
metals deformation, crack blunting, deflecting and bridging were reported to occur in the 
presence of crystalline particles142, 143. With a process of nano-pore coalescence, the AD 
Ni-W cantilevers would fail in a ductile manner. Although the AD film shows a ductile 
46% increase 
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fracture mode, the measured fracture toughness is still lower than that of the HT 
specimens. This indicates that when the porosity is high, although the ease of plastic 
deformation will help to reduce the stress intensity factor at the crack tip, it also 
facilitates the coalescence of the pores and the fracture will occur at a lower Kc.  
Takashima et al.39 found in previous micro-scale cantilever test that, the apparent 
fracture toughness values of amorphous Ni-W alloys drops a lot by introducing a fatigue 
crack. It is well known that when the notches are not sufficiently sharp in polycrystalline 
materials, the measured fracture toughness will be over-estimated. While the 
microstructural length scale is set by the grain size in brittle ceramics144, it remains 
unclear what microstructural length, if any, stabilizes the KIC value measured in metallic 
glasses. It has been generally reported that the KC decreases linearly with the √ρ (ρ is 
the notch radius)145-147. Because of this uncertainty an absolute KIC value for the Ni-W 
metallic glasses can’t be determined in this study, but an apparent fracture toughness 
value can be determined. This serves as an upper bound for the actual fracture 
toughness of amorphous Ni-W, and shows that this value is unquestionably smaller than 
the fracture toughness of the nanocrystalline Ni-W after 700 °C heat treatment. Since the 
ductile fracture process in amorphous Ni-W is apparently controlled by a nanovoid 
coalescence process, it can be expected that it is essential that the metallic glass phase 
should be free from nano-pores or have a very low porosity to achieve the high ductility 
and high fracture toughness values found in previous superplastic materials. 
Compared with the AD Ni-W specimen, the HT specimen shows brittle fracture behavior 
as seen in Fig. 6.13. It was found in the STEM that the W oxide second phase exists in 
the nanorystalline matrix with a particle size of 100’s of nanometers as shown in Fig. 
6.13. However, the fracture surface shows a fairly smooth morphology with a feature 
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size of 10’s of nanometers. This may indicate that the fracture doesn’t preferentially 
occur at the interface of the phase boundaries. This is the indication that nano-pores 
play an essential role in the fracture process since the STEM images show the presence 
of the pores inside the second phase with an average pore size of 7.9±5.4 nm. Hugo141 
indicated that the pores in nanocrystalline materials would inhibit slip transfer between 
grains thus increasing the local stresses at the grain boundaries and helping to provide 
nano-crack nucleation sites. Thus, the nanocrystalline materials with more nano-pores 
would fracture in a more brittle manner.  
In addition, it can be found from Fig. 6.13 that the crack propagates not along individual 
grain boundaries but along grain boundaries associated with a cluster of grains. It is 
direct evidence that the grain boundaries may slide together as grain clusters, 
accompanying a nano-pore coalescence process as proposed by previous reports105-107. 
Iwasaki et al.106 found that the inner surface of each dimple appears to consist of many 
tiny bubble-like substructures. These bubbles have a similar dimension as the grain size. 
Also, it is in good agreement with fracture morphologies of dimple size which is 10-25 
times larger than the grain size7, 96, 99-107.  
The introduction of the sharp pre-crack in our tests may limit the plastic deformation of 
the nanocrystalline material thus causing a brittle intergranular fracture mode instead of 
the ductile dimple fracture manner that is often found in previous tensile tests. Li et al.96 
reported that the fracture path of ductile fracture is along groups of grains with similar 
orientations. Shan et al.107 reported on in situ observation of formation of grain 
agglomerates (consisting of nanograins separated by low-angle grain boundaries (GBs)) 
ahead of advancing cracks in nanocrystalline Ni films under a tensile load. So it is 
possible that the crack doesn’t grow preferentially in the low angle grain boundaries 
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inside grain agglomerates. The high angle grain boundaries can be regarded as the 
boundaries of different grain agglomerates which might be preferential sites for the 
micro-crack growth due to higher GB energy and GB mediated process rate.  
Previous simulation studies also proposed different mechanisms for the formation of 
grain agglomerates. It was found that GB misorientation plays an important role in grain 
boundary sliding processes in the low angle regime123. Ovid'ko et al.148 suggest that a 
nano scale rotation deformation mechanism occurring through the collective events of 
ideal nanoscale shear is easier than the GB sliding process. Although the mechanisms 
of the grain agglomerate fracture is not well understood yet, our findings support the 
existence of a mechanism in the nanocrystalline material fracture process that involves 
such grain agglomerate motion. 
 
6.5 Conclusions and suggested future work 
In conclusion, we successfully performed micro-cantilever fracture toughness tests in 
amorphous and nanocrystalline Ni-W thin films and obtained a lot of useful information 
which is hard to acquired in a conventional tensile test. Consistent fracture toughness 
values were obtained by performing tests in areas free from micro-scale cracks. A sharp 
notch was introduced by FIB with a notch radius comparable to the grain size and a pre-
crack ligament fracture process was used to generate pre-notches with uniform crack 
length. It was found that by introducing a nanoscale sharp notch, the fracture surface 
feature size of the HT Ni-W specimens was comparable with the average grain size 
determined by STEM. This is different from the morphology reported in most previous 
studies using similar material. The more brittle fracture behavior in our HT Ni-W samples 
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may be associated with the existence of sharp pre-notch serving as a stress 
concentrator. But there are also other possibilities such as the presence of nano-pores 
at the grain boundary, the bath grain boundary contamination in the electrodepostion 
and the effect of residual stress and these effects should be investigated carefully in the 
future. The fracture path is found to be along boundaries of grain agglomerates instead 
of individual grains which provides direct support for a mechanism based on motion of 
grain agglomerates rather than individual grains105, 107 that has been proposed before. 
Consistent fracture toughness results for the fully nanocrystalline Ni-W were higher than 
the upper limit of the fracture toughness of the mostly-amorphous Ni-W samples. 
In the future, following systematic studies are suggested to further understand the 
fracture behavior of nc materials. The first part could focus on the influence of different 
heat treatment conditions on the grain size and fracture toughness of Ni-W. Combined 
with the hardness data, it would provide all the necessary information for selecting 
proper processing conditions to obtain nc metals/alloys with desired hardness and 
fracture toughness combinations. Also, ductile to brittle transitions in nc metals/alloys 
can be quantitatively evaluated and possible correlations can be made between the 
fracture behaviors and the micro-structure morphologies which would shed light on the 
nature of the fracture mechanisms in nanocrystalline metals/alloys. 
In addition, it will be also very beneficial to understand the influence of different doping 
conditions on the mechanical properties and fracture mechanisms of nanocrystalline 
materials. The Bi embrittlement effect in pure Ni nanocrystalline materials is one of the 
interesting areas to explore in the future. By comparing fracture toughness and fracture 
morphologies of pure Ni and Bi doped Ni nc materials with similar grain size, the effect of 
Bi can be quantitatively evaluated. Since Bi is supposed to embrittle the Ni by grain 
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boundary segregation, this effect is expected to be magnified in nc metals/alloys with a 
dramatic increase of the grain boundary areas. By correlating specific materials 
mechanical behaviors with the specific grain boundary structures (complexions), it might 
be possible to extend the grain boundary complexion theory discussed in Chapter 2 to a 
new area of nanocrystalline materials. Furthermore, it would be very interesting to 
explore the sensitivity of Ni-W to the presence of Bi to see if alloying the Ni changes its 
fundamental response to the impurity. 
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Appendix 
1. Background of transformation of elastic constants in different 
coordinate systems. 
Spinel (MgAl2O4) has cubic symmetry so it only has three independent elastic constants 
as summarized in Table 1. 
Table 1  Summary of elastic constants of spinel59. 
 (GPa)  (10-12Pa-1)  (GPa) 
C11 279 S11 5.86 E1=E2=E3 171 
C12 153 S12 -2.07 v1=v2=v3 0.35 
C44 153 S44 6.53 G12=G13=G23 34 
 
The stiffness matrix [S] and complaint matrix [C] can be transformed to matrix [S]´ and 
[C]´ if the coordinate system is changed from XYZ to X´Y´Z´ using the following 
equations.  
[S]′ = [N] × [S] × [N]T                                                                                                       (1) 
[C]′ = [M] × [C] × [M]T                                                                                                      (2) 
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[M]
=
⎣
⎢
⎢
⎢
⎢
⎢
⎡
a112 a122 a132 2a12a13 2a11a13 2a11a12a212 a222 a232 2a22a23 2a21a23 2a21a22a312 a322 a332 2a32a33 2a31a33 2a31a32a21a31 a22a32 a23a33 (a22a33 + a32a23) (a23a31 + a33a21) (a21a32 + a31a22)a31a11 a32a12 a33a13 (a32a13 + a12a33) (a33a11 + a13a31) (a31a12 + a11a32)a11a21 a12a22 a13a23 (a12a23 + a22a13) (a13a21 + a23a11) (a11a22 + a21a12)⎦⎥⎥
⎥
⎥
⎥
⎤
 
 
[N]
=
⎣
⎢
⎢
⎢
⎢
⎢
⎡
a112 a122 a132 a12a13 a11a13 a11a12a212 a222 a232 a22a23 a21a23 a21a22a312 a322 a332 a32a33 a31a33 a31a322a21a31 2a22a32 2a23a33 (a22a33 + a32a23) (a23a31 + a33a21) (a21a32 + a31a22)2a31a11 2a32a12 2a33a13 (a32a13 + a12a33) (a33a11 + a13a31) (a31a12 + a11a32)2a11a21 2a12a22 2a13a23 (a12a23 + a22a13) (a13a21 + a23a11) (a11a22 + a21a12)⎦⎥⎥
⎥
⎥
⎥
⎤
 
Where  
[A] = �a11 a12 a13a21 a22 a23a31 a32 a33� 
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[A] is defined as the transformation matrix between coordinate system XYZ and X´Y´Z´ 
as shown in the following equation. 
 
Figure 1 The transformation from XYZ to X´Y´Z´ coordinate systems.  
 
 
if we define the XYZ coordinate system to be the original coordinate system in which the 
X axis is perpendicular with the (100) plane, the Y axis is parallel with the [010] direction, 
and the Z axis is parallel with the [001] direction. In the global coordinate system X´Y´Z´ 
of specimen {uvw}<hkl>, X´ axis is perpendicular to {uvw} planes and Y´ is parallel with 
<hkl> directions. The transformation of global coordinate systems of each specimen 
11 12 13
21 22 23
31 32 33
´
´
´
X a a a
Y a a a
Z a a a
X
Y
Z
     
     =     
          
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from the original coordinate system XYZ is shown in Fig. 2. In particular, it takes three 
steps for the global coordinate system to transform from {100}<100> to {111}<110> 
specimen orientations as shown in Fig 2 (d)-(f). 
 
Figure 2 The transformation of coordinate systems for samples with different 
orientations. (a) {100}<110>; (b){110}<100>; (c) {110}<110>;(d)-(f) {111}<110> 
 
2. Transformation of elastic constants of spinel specimens with 
different orientations 
2.1 Stiffness matrix transformation from {100}<100> to {100}<110> 
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a11=1 
a12=0 
a13=0 
a21=0 
a22=√2/2 
a23=√2/2 
a31=0 
a32=-√2/2 
a33=√2/2 
[C]′ = [M] × [C] × [M]T 
 
[ ]'
279 154 154 0 0 0
154 375 64 0 0 0
154 64 375 0 0 0
0 0 0 64 0 0
0 0 0 0 154 0
0 0 0 0 0 15
C
4
 
 
 
 
=  
 
 
 
  GPa 
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2.2 Stiffness matrix transformation from {100}<100> to {100}<110> 
a11=√2/2 
a12=0 
a13=-√2/2 
a21=0 
a22=1 
a23=0 
a31=√2/2 
a32=0 
a33=√2/2 
 [C]′ = [M] × [C] × [M]T 
[ ]'
375 154 64 0 0 0
154 279 154 0 0 0
64 154 375 0 0 0
0 0 0 154 0 0
0 0 0 0 64 0
0 0 0 0 0 15
C
4
 
 
 
 
=  
 
 
 
  GPa 
2.3 Stiffness matrix transformation from {100}<100> to {110}<110> 
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a11=√2/2 
a12=√2/2 
a13=0 
a21=-√2/2 
a22=√2/2 
a23=0 
a31=0 
a32=0 
a33=1 
 [C]′ = [M] × [C] × [M]T 
[ ]'
375 64 154 0 0 0
64 375 154 0 0 0
154 154 279 0 0 0
0 0 0 154 0 0
0 0 0 0 154 0
0 0 0 0 0 6
C
4
 
 
 
 
=  
 
 
 
  GPa 
After that, we can determine nine independent elastic modulus from the following 
equations. The results are summarized in Table 1. 
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S11=(C11+C12)/[(C11-C12)(C11+2C12)] 
S12=-C12/[(C11-C12)(C11+2C12)] 
S44=1/C44 
E1=1/S11 
E2=1/S22 
E3=1/S33 
v12=-S12/S11 
v13=-S13/S11 
v23=-S23/S22 
G12=1/S66 
G13=1/S55 
G23=1/S44 
2.4 Stiffness matrix transformation from {100}<100> to {111}<110> 
In the first step, we need rotation around the y axis for 45° as shown in Fig. 2d. 
a11=√2/2 
a12=0 
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a13=-√2/2 
a21=0 
a22=1 
a23=0 
a31=√2/2 
a32=0 
a33=√2/2 
 [C]′ = [M]1 × [C] × [M]1T 
In the second step, we need rotate around z' axis for 35° as shown in Fig. 2e. 
a11=0.816 
a12=0.577 
a13=0 
a21=-0.577 
a22=0.816 
a23=0 
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a31=0 
a32=0 
a33=1 
 [C]′′ = [M]2 × [C]′ × [M]2T 
 
In the third step, we need rotation around the x'' axis for 90 degree as shown in Fig. 2f. 
a11=1 
a12=0 
a13=0 
a21=0 
a22=0 
a23=1 
a31=0 
a32=-1 
a33=0 
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 [C]′′′ = [M]3 × [C]′′ × [M]3T 
[ ]'''
402 94 94 0 0 0
94 375 124 0 42 0
94 124 370 0 44 0
0 0 0 124 0 42
132 42 44 0 94 0
0 0 0 2 0
C
4 94
 
 − 
 
=  − 
 −
 
− Gpa 
 
3. Summary of elastic constants of other materials with 
orientations of {100}<100> and {111}<110>. 
3.1 Elastic Constants of {100}<100> 
Table 2 Summary of elastic constants of SnTe {100}<100> orientation59. 
 (GPa)  (10-12Pa-1)  (GPa) 
C11 113 S11 8.96 E1=E2=E3 112 
C12 8 S12 -0.56 v1=v2=v3 0.06 
C44 12 S44 85.50 G12=G13=G23 117 
 
Table 3 Summary of elastic constants of PbTe {100}<100> orientation59. 
 (GPa)  (10-12Pa-1)  (GPa) 
C11 108 S11 9.35 E1=E2=E3 107 
C12 8 S12 -0.61 v1=v2=v3 0.07 
C44 13 S44 74.45 G12=G13=G23 134 
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Table 4 Summary of elastic constants of ZrO2 {100}<100> orientation59. 
 (GPa)  (10-12Pa-1)  (GPa) 
C11 405 S11 2.76 E1=E2=E3 362 
C12 105 S12 -0.57 v1=v2=v3 0.21 
C44 62 S44 16.13 G12=G13=G23 62 
 
Table 5 Summary of elastic constants of CaF2 {100}<100> orientation59. 
 (GPa)  (10-12Pa-1)  (GPa) 
C11 164 S11 6.87 E1=E2=E3 145.6 
C12 44 S12 -1.45 v1=v2=v3 0.21 
C44 34 S44 29.76 G12=G13=G23 34 
 
Table 6 Summary of elastic constants of W {100}<100> orientation59. 
 (GPa)  (10-12Pa-1)  (GPa) 
C11 50 S11 2.60 E1=E2=E3 38 
C12 20 S12 -0.72 v1=v2=v3 0.27 
C44 15 S44 6.61 G12=G13=G23 15 
 
Table 7 Summary of elastic constants of Si {100}<100> orientation59. 
 (GPa)  (10-12Pa-1)  (GPa) 
C11 166 S11 7.68 E1=E2=E3 130 
C12 64 S12 -0.21 v1=v2=v3 0.28 
C44 80 S44 12.56 G12=G13=G23 80 
 
Table 8 Summary of elastic constants of Cu {100}<100> orientation59. 
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 (GPa)  (10-12Pa-1)  (GPa) 
C11 168 S11 15.01 E1=E2=E3 667 
C12 121 S12 6.32 v1=v2=v3 0.42 
C44 75 S44 13.33 G12=G13=G23 75 
 
3.2 Stiffness constants of {111}<110> orientation 
Table 9 Summary of stiffness constants of SnTe of {111}<100> orientation 
stiffness /GPa stiffness /Gpa stiffness /Gpa stiffness /Gpa stiffness /Gpa stiffness /Gpa 
c1111 59 c1122 35 c1133 35 c1123 0 c1113 0 c1112 0 
c2211 35 c2222 73 c2233 21 c2223 0 c2213 20 c2212 0 
c3311 35 c3322 21 c3333 72 c3323 0 c3313 -19 c3312 0 
c2311 0 c2322 0 c2333 0 c2323 26 c2313 0 c2312 20 
c1311 0 c1322 20 c1333 -19 c1323 0 c1313 39 c1312 0 
c1211 0 c1222 0 c1233 0 c1223 20 c1213 0 c1212 39 
 
Table 10 Summary of stiffness constants of PbTe of {111}<100> orientation 
stiffness /GPa stiffness /Gpa stiffness /Gpa stiffness /Gpa stiffness /Gpa stiffness /Gpa 
c1111 59 c1122 33 c1133 32 c1123 0 c1113 0 c1112 0 
c2211 33 c2222 72 c2233 20 c2223 0 c2213 18 c2212 0 
c3311 32 c3322 20 c3333 71 c3323 0 c3313 -17 c3312 0 
c2311 0 c2322 0 c2333 0 c2323 26 c2313 0 c2312 18 
c1311 0 c1322 18 c1333 -18 c1323 0 c1313 38 c1312 0 
c1211 0 c1222 0 c1233 0 c1223 18 c1213 0 c1212 38 
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Table 11 Summary of stiffness constants of ZrO2 of {111}<100> orientation 
stiffness /GPa stiffness /Gpa stiffness /Gpa stiffness /Gpa stiffness /Gpa stiffness /Gpa 
c1111 290 c1122 166 c1133 164 c1123 0 c1113 0 c1112 0 
c2211 166 c2222 322 c2233 136 c2223 0 c2213 43 c2212 0 
c3311 164 c3322 136 c3333 318 c3323 0 c3313 -40 c3312 0 
c2311 0 c2322 0 c2333 0 c2323 92 c2313 0 c2312 42 
c1311 0 c1322 43 c1333 -40 c1323 0 c1313 121 c1312 0 
c1211 0 c1222 0 c1233 0 c1223 42 c1213 0 c1212 122 
 
Table 12 Summary of stiffness constants of CaF2 of {111}<100> orientation 
stiffness /GPa stiffness /Gpa stiffness /Gpa stiffness /Gpa stiffness /Gpa stiffness /Gpa 
c1111 130 c1122 62 c1133 62 c1123 0 c1113 0 c1112 0 
c2211 62 c2222 140 c2233 53 c2223 0 c2213 13 c2212 0 
c3311 62 c3322 53 c3333 138 c3323 0 c3313 -12 c3312 0 
c2311 0 c2322 0 c2333 0 c2323 43 c2313 0 c2312 13 
c1311 0 c1322 126 c1333 -12 c1323 0 c1313 52 c1312 0 
c1211 0 c1222 0 c1233 0 c1223 13 c1213 0 c1212 52 
 
Table 13 Summary of stiffness constants of W of {111}<100> orientation 
stiffness /GPa stiffness /Gpa stiffness /Gpa stiffness /Gpa stiffness /Gpa stiffness /Gpa 
c1111 50 c1122 20 c1133 20 c1123 0 c1113 0 c1112 0 
c2211 20 c2222 50 c2233 20 c2223 0 c2213 0 c2212 0 
c3311 20 c3322 20 c3333 50 c3323 0 c3313 0 c3312 0 
c2311 0 c2322 0 c2333 0 c2323 153 c2313 0 c2312 0 
c1311 0 c1322 0 c1333 0 c1323 0 c1313 153 c1312 0 
c1211 0 c1222 0 c1233 0 c1223 0 c1213 0 c1212 153 
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Table 14 Summary of stiffness constants of Si of {111}<100> orientation 
stiffness /GPa stiffness /Gpa stiffness /Gpa stiffness /Gpa stiffness /Gpa stiffness /Gpa 
c1111 206 c1122 45 c1133 45 c1123 0 c1113 0 c1112 0 
c2211 45 c2222 198 c2233 55 c2223 0 c2213 -13 c2212 0 
c3311 45 c3322 55 c3333 195 c3323 0 c3313 14 c3312 0 
c2311 0 c2322 0 c2333 0 c2323 71 c2313 0 c2312 -13 
c1311 0 c1322 13 c1333 14 c1323 0 c1313 61 c1312 0 
c1211 0 c1222 0 c1233 0 c1223 -13 c1213 0 c1212 61 
 
 
Table 15 Summary of stiffness constants of Cu of {111}<100> orientation 
stiffness /GPa stiffness /Gpa stiffness /Gpa stiffness /Gpa stiffness /Gpa stiffness /Gpa 
c1111 239 c1122 88 c1133 88 c1123 0 c1113 0 c1112 0 
c2211 88 c2222 223 c2233 105 c2223 0 c2213 -24 c2212 0 
c3311 88 c3322 105 c3333 220 c3323 0 c3313 25 c3312 0 
c2311 0 c2322 0 c2333 0 c2323 58 c2313 0 c2312 -24 
c1311 0 c1322 -24 c1333 25 c1323 0 c1313 41 c1312 0 
c1211 0 c1222 0 c1233 0 c1223 -24 c1213 0 c1212 41 
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